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Abstract. X-ray line profile analysis is a powerful alter-
native tool for determining dislocation densities, disloca-
tion type, crystallite and subgrain size and size-distribu-
tions, and planar defects, especially the frequency of twin
boundaries and stacking faults. The method is especially
useful in the case of submicron grain size or nanocrystal-
line materials, where X-ray line broadening is a well pro-
nounced effect, and the observation of defects with very
large density is often not easy by transmission electron
microscopy. The fundamentals of X-ray line broadening
are summarized in terms of the different qualitative
breadth methods, and the more sophisticated and more
quantitative whole pattern fitting procedures. The effi-
ciency and practical use of X-ray line profile analysis is
shown by discussing its applications to metallic, ceramic,
diamond-like and polymer nanomaterials.

1. Introduction

The physical, chemical and mechanical properties of nano-
crystalline materials are basically influenced by their defect
structure. X-ray line profile analysis (LPA) has been
proved to be a powerful method for characterising the de-
fect structure in submicron grain size or nanocrystalline
materials. Electron microscopy is probably one the most
direct methods to determine the character and spatial distri-
bution of crystal defects, however, the X-ray method, on
the one hand, is non-destructive, and on the other hand, it
provides average values with better statistics of the differ-
ent parameters of the defect structure. The two different
methods are in some sense alternative and complementary
to each other. For example, the dislocation density can
only be determined by LPA if it is larger than about
5� 1012 m�2, while transmission electron microscopy
(TEM) can only be used if the local dislocation density is
smaller than about 5� 1014 m�2. In the case of X-ray dif-
fraction, at dislocation densities smaller than 5� 1012 m�2

the breadths of physical diffraction peaks become identical

to the corresponding Darwin breadths, whereas in the case
of TEM, at dislocation densities larger than 5� 1014 m�2

the contrasts of individual dislocations start overlapping.
Weak beam techniques can extend the range somewhat
further, but 1015 m�2 local dislocation density is probably
the absolute upper limit where individual dislocations can
be distinguished in a TEM micrograph. In the case of het-
erogeneous dislocation distributions the 1015 m�2 local
density values can correspond to 1013 m�2 or 5� 1013 m�2

average density values which are typically low dislocation
densities in the case of plastically deformed materials, and
especially low values in the case nanocrystalline materials.

LPA and TEM are not only alternative methods, but
they provide different aspects of the microstructure. For
example, though both, electrons and X-rays obey Bragg’s
law, since their interaction with matter is so different they
reveal different features of the microstructure of materials,
especially nanomaterials. X-rays interact weakly with mat-
ter and penetrate deep from a few mm to millimeters,
whereas electrons interact strongly, transmitting only 10 to
100 nanometers. The extinction length of X-rays is about
two to three orders of magnitude longer than that of elec-
trons. This explains why X-rays are sensitive to long-
range features, average crystal structures, and average de-
viations from long-range order, especially lattice strains
and stresses. While electrons are able to reveal the most
local atomic structure in TEM down to individual lattice
sites, they are unable to reveal long-range strain fields. In
that sense the concomitant application of LPA and differ-
ent electron microscopic methods, e.g. TEM and scanning
electron microscopy (SEM), or electron back scattering
diffraction (EBSD) provide certainly the best complex mi-
crostruture and defect characterisation in nanocrystalline
materials. The main defect types or microstructural proper-
ties of which LPA can provide information are the (i)
average crystallite size and (ii) size distribution, cf. [1–
20], (iii) average dislocation density and (iv) dislocation
character, cf. [21–32] (v) slip activity, (vi) active Burgers
vectors, cf. [27, 28, 33–36], and (vii) planar defect densi-
ties, cf. [1, 2, 29, 37–51] or (viii) different types of inter-
nal stresses of first and second order, (ix) especially long-
range-internal stresses prevailing in heterogeneous micro-
structures, cf. [52–58], (x) fluctuation of chemical compo-
sition, cf. [59], (xi) anti-phase boundaries, cf. [60, 61] or
point defects, especially vacancy concentrations, cf. [62].
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One of the important advantages of using TEM is that
it gives a direct image of the microstructure. Contrary to
this, the method of LPA reflects indirect information about
the microstructure of materials. This means that the inter-
pretation of LPA results needs modeling of the microstruc-
ture. For the construction and control of realistic models,
almost permanent and simultaneous TEM investigations
are necessary. On the other hand, it has to be mentioned
that the statistics of the quantities determined by LPA is
much better than that of TEM, since the sampling of ma-
terials or volumes by X-ray diffraction is about 107 to 109

larger than by a TEM micrograph. In the case of nanoma-
terials this means that, while a TEM micrograph sees 10
to 100 nanograins, an X-ray diffraction pattern is usually
obtained from 108 to 1010 nanograins or crystallites. A
further technical aspect may also be mentioned, that the
sample preparation for TEM, especially in the case of na-
nomaterials, is often time consuming and needs special
devices, e.g. ion beam milling, compared to qualitatively
simpler specimen preparation for the purpose of X-ray dif-
fraction experiments.

Nanocrystalline materials can either be in the form of
loose powders or compact bulk materials, ceramics, ionic
crystals or metals and they can be produced by different
methods, like inert gas condensation and compaction, ball
milling, thermal plasma synthesis, or chemical methods
using precursors, or severe plastic deformation, or crystal-
lized from the bulk amorphous state. LPA has the great
advantage that it can be applied for all different types of
materials irrespective of synthesis or constitution. The pos-
sible types of defects in nanocrystalline materials are be-
leived to be the same as for microcrystalline materials,
therefore the methods applied in the evaluation of line
broadening of nanomaterials are the same as used for
large-grained specimens. The density of defects and their
influence on physical and mechanical properties of nano-
materials are expected to be different from coarse-grained
counterparts.

Cervellino [63] has shown that when the crystallite size
becomes smaller than about 5 nm the peak intensities of
Bragg reflections are changed by a few percent. This ef-
fect is caused by the interference of waves scattered by
different particles, especially when there is absolutely no
texture, not even a local texture. Other authors have
shown that when the nanocrystalline specimen is textured
[14] or when in a nano-powder specimen the adjacent
crystallites are locally textured [64], the profiles of Bragg
reflections closest to the origin of reciprocal space can
become considerably narrower than what would corre-
spond to the true coherence length of the particles. This
latter is the consequence of a specific X-ray optical inter-
ference effect causing unusual peak narrowing in the first
few Bragg reflections in powder patterns.

The defect and microstructure can be characterized by
the following fundamental features: (a) the grain or crys-
tallite size, (b) lattice defects producing microstrain whose
effect can be summarized in the mean square strain: he2i,
(c) planar defects, especially stacking faults and twin
boundaries. Due to the high fraction of grain boundaries
in nanomaterials, grain boundaries and relaxed surface-
near regions are a further defect type present in these ma-

terials. This defect type and its effects on diffraction is the
topic of another paper in the present special issue [65] and
will not be treated here.

It is noted here that, a review on LPA has recently
been published in the same journal by the same authors
[66]. It is important, however, that authors have taken spe-
cial care to avoid overlap of the subject matter of [66] and
the present paper. Moreover, the present review deals with
the effects of planar defects and polymers which were not
treated in [66]. Finally, the method of LPA developed to
such an extent during the last decades that it is hard to
review in detail the whole field in a single journal paper.

2. Fundamentals of X-ray line profile analysis

In nanocrystalline materials X-ray diffraction profiles
broaden due to three different lattice defect types: (i) small
crystallite size, (ii) dislocations or dislocation type defects
and (iii) planar defects, especially stacking faults and twin
boundaries. The X-ray line broadening effects produced
by these three major defect types have distinctively differ-
ent and well defined hkl dependence, which is the physi-
cal basis for separating them from each other. It can be
shown that well defined profile functions can be attributed
to the three major defect types, i.e. the size profile, I S to
(i) small crystallite size [15, 30, 67–69], the strain profile,
I D to (ii) dislocations or dislocation type defects [21–23,
27, 30, 32, 52, 53] and the stacking fault profile, I SF to
(iii) planar defects [42–44, 51]. In the presence of all
these defect types, the physical profile, IPHYS is the convo-
lution of these three profile functions [1]:

IPHYS ¼ I S � I D � I SF. (1)

One of the main tasks of the theory of LPA is to produce
adequate microstructural models for the individual profile
functions. A brief summary of current models for the
three profile functions in Eq. (1) is given in paragraphs
2.2 and 2.3 below.

2.1 Modified Williamson-Hall plot
and modified Warren-Averbach method

Size broadening is fundamentally diffraction order inde-
pendent [1, 67, 69]. It may have an hkl dependence, espe-
cially if the crystallite shape is considerably deviating
from being globular or spherical, cf. [62, 69–72]. Strain
broadening, on the other hand is increasing with diffrac-
tion order [1, 73]. This global difference in the order de-
pendence, or in other words hkl dependence, is the basis
for the two classical methods of X-ray line profile analy-
sis: (a) the Williamson-Hall plot [73] and (b) the Warren-
Averbach method [1]. None of these methods, however,
takes into account strain anisotropy. Especially, in the
Warren-Averbach procedure it was voluntarily suggested
[1] to overcome this problem by restricting the analysis to
series of harmonic reflections. Strain anisotropy means
that neither the full width at half maximum (FWHM) nor
the integral breadths (b) in a Williamson-Hall plot, nor the
Fourier coefficients in the Warren-Averbach plot are
monotonous functions of sin q or (sin q)2, respectively. In
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plastically deformed metals the effect was first observed in
the early forties by Stokes and Wilson [74], which, how-
ever, did not attract much attention until the eighties. Ku-
zel and Klimanek [75, 76] and Ungár et al. [77, 78] have
realized that strain anisotropy can be used to characterize
the dislocation structure in more detail. In the modified
Williamson-Hall plot [68, 77] the FWHM or the integral
breadths, DKFWHM or DKb, are scaled versus K2 �CC, where
K¼ 2 sin q/l, q is the diffraction angle and l is the wave-
length of X-rays and �CC is the avarage dislocation contrast
factor, cf. [31, 68]:

DKFWHM,b ¼ 1/d þ aK2 �CC þ O(K2 �CC)2, (2)

where d is an apparent crystallite size, a is a constant and
O stands for higher order terms in K2 �CC. For spherical
crystallites the volume weighted diameter hxivol is directly
related to d: hxivol ¼ (4=3)d [79]. In the modified Warren-
Averbach method [68, 77] the Fourier coefficients are
scaled versus K2 �CC and the mean square strain is explici-
tely given for dislocations:

ln A(L) ffi ln AS(L) � (rpb2/2) L2 ln (Re/L) (K2 �CC) , (3)

where A(L) and AS(L) are the Fourier coefficients of the
physical and the size profiles, respectively, r is the aver-
age dislocation density, L is the Fourier variable and Re

the effective outer cut-off radius of dislocations. The value
of Re characterizes the arrangement of dislocations which
is also an important feature of dislocation structure beside
the density. Though strain anisotropy is appropriately tak-
en into account in the modified Williamson-Hall plot,
since strain is only appearing in the slope, a, the two
parameters necessary to describe the dislocation structure,
i.e. r and Re, cannot be determined separately. In the mod-
ified Warren-Averbach method, however, since both, r and
Re, appear separately, the procedure can provide the two
parameters simultaneously, cf. [30].

The method of modified Williamson-Hall plot [68, 77]
is not an exact method in the sense that the breadths cor-
responding to size or strain contribute in different ways
depending on the specific profile functions of the two ef-
fects. Especially, in the two cases when both profile func-
tions are either Gaussian or Lorentzian, the breadths add
up in quadratic or linear manner, respectively. In reality
the profile functions are never clear Gaussian or Lorent-
zian, especially in the case of strain profiles [27, 80]. In
spite of that the modified Williamson-Hall plot can pro-
vide extremely valuable information about the qualitative
nature of line broadening, cf. [34, 75, 76, 81, 82]. The
modified Warren-Averbach method [68, 77], on the other
hand is physically exact, with the only constraint that it
works with the smaller values of the Fourier variable. In
diffraction or reciprocal space this means that it works
with the tail part of the diffraction maxima, more specifi-
cally, with the intensities below about half the maxima. In
fact, this method provides the physical basis for the strain
profile in all the whole profile or whole pattern methods
developed by different groups, cf. [30, 32, 68, 83–85].
The central part of the strain profile is discribed by the
Wilkens function [22, 23] which, however, is still topic of
discussion, cf. [27].

2.2 Whole profile and whole patterns methods

Whole profile methods, though more laborious, provide
more reliable and more refined microstructure data than
either the breadth methods or the modified Warren-Aver-
bach method. The philosophy of whole profile or whole
pattern methods is that the different microstructure fea-
tures, i.e. size, strain or faulting can be described by uni-
form profile functions, and that the hkl dependence of
these uniform profile functions can be given by appropri-
ate scaling rules in a relatively simple manner. The uni-
form size profile is the squared Fourier transform of the
form-factor of a crystallite in the direction of the diffrac-
tion vector modulated by an appropriate size-distribution-
density function. Assuming log-normal size distribution
the size profile can be written as [65, 83, 85]:

I S(s) ¼
ð1
0

t
sin2ðtpsÞ
ðpsÞ2

erfc
ln ðt=mÞffiffiffi

2
p

s

� �
dt , (4)

where s ¼ (2 cos q/l) Dq, erfc is the complementary error
function, and m and s are the median and variance of the
log-normal size-distribution density function defined as:

f ðxÞ ¼ 1ffiffiffiffiffiffi
2p
p

s

1

x
exp � ½ln ðx=mÞ�2

2s2

" #
: ð5Þ

With m and s the arithmetic-, the area- and the volume-
weighted mean crystallite diameters are [79]:

hxij ¼ m exp ðks2Þ ð6Þ

where k ¼ 0.5, 2.5 and 3.5 in the case of arithmetic-,
area- and volume-weighted mean and j stands for these
different averages, respectively.

The strain profile is given through its Fourier coeffi-
cients [22, 23]:

A D(L) ¼ exp {�2p2L2K2 heg,L
2i}, (7)

where the mean square strain in dislocated crystals can be
given by the Wilkens function f(h) [23]:

heg,L
2i ffi rCb2

4p
f (h) , (8)

and h ¼ L/Re. In a polycrystal, or if all possible slip sys-
tems are equaly populated the dislocation contrast factors
can be averaged over the permutations of the hkl indices
and the mean square strain is [31, 84]:

heg,L
2i ffi rCb2

4p
f (h) . (9)

The averaging can be constrained over only the contrast
factors if only a single Burgers vector is conceivable in
the crystal. If, however, more Burgers vectors can be pre-
sent, especially with different absolute values, as e.g. in
hexagonal, orthorhombic or tetragonal crystals, the aver-
aging has to be extended over the Burgers vectors, as in-
dicated by the bar in Eq. (9).

2.3 Incorporation of planar defects

In crystals with planar faults the determination of uniform
profile functions has recently been done for fcc [51, 85,

Defect structures by X-ray line profile analysis 569
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86] and hexgonal crystals [88, 89]. There are three types
of planar faults: intrinsic, extrinsic stacking faults and
twins. Stacking faults or twin boundaries have two differ-
ent effect in diffraction: (1) they cause a phase shift which
breaks down coherent scattering, and (2) since they are
planar defects, they may cause homogeneous deforma-
tions, cf. [21, 90]. Latter means change in lattice constant
which appears as line shifts. Assuming that each crystal-
lite or grain contains only one type of planar defect, i.e.
either twin boundaries on a specific lattice plane or stack-
ing faults also on specific lattice planes, line broadening
and line shifts pertain to specific selection rules of hkl
indices within the hkl family of lattice planes. This is illu-
strated in Fig. 1, where profiles of the {422} Bragg reflec-
tion (solid line) and sub-reflections (dash, dash-dot, and
dotted lines, respectively) corresponding to various hkl
conditions for 10% intrinsic stacking faults, calculated in
[51] by the DIFFaX [42] software are shown. The dotted
line corresponds to an uneffected, delta-function like sub-
reflection where the hkl condition is: hþ k þ l ¼ �3n
(with n ¼ 0, 1, 2, . . .). The other two sub-reflections cor-
respond to hþ k þ l ¼ �8 and hþ k þ l ¼ �4, and are
shifted in opposite directions, and have different broaden-
ing. The resultant profile (solid line) is asymmetrically
broadened and has a delta function like component. In
[51, 88, 89] it was shown that the sub-reflections, apart
from the delta-function like components, are Lorentzian
functions as far as 10�4 relative intensities down into their
tails. In [51] it was shown that peak broadening caused by
faulting does not increase with diffraction order. This sug-
gests that line broadening caused by faulting or twinning
is of size type. It is, however, a complicated size type line
broadening, since the sub-reflections are shifted in differ-
ent manner according to specific hkl selection rules, cf.
[37–51, 85, 86]. It is noted here that, these selection rules
are in qualitative correlation with the selection rules
worked out by Warren [1]. Based on the analysis of the
numerically calculated diffraction patterns of faulted and
twinned fcc [51] and hexagonal [88, 89] crystals, Lorent-
zian and delta-function like profile functions are consid-
ered as the uniform profile functions corresponding to
faulting and twinning. The hkl scaling of breadths and

shifts of these uniform profile functions was determined
numerically as a function of the density of planar defects,
by using the DIFFaX software [42], and is given in data
sheets of polinomials available at: http://metal.elte.hu/~le-
vente/stacking. Thus the theoretical profile functions of
planar defects I SF can be given as [51]:

ISFðKÞ ¼ wdId
hklðKÞ þ

PN
j¼1

wj
LIj

L; hklðKÞ; ð10Þ

where Id
hkl is the delta-function like component at the exact

Bragg position and Ij
L; hkl is the Lorentzian profile function

of broadened and shifted sub-reflections, and wd and wj
L

are the fractions of the different sub-reflection compo-
nents. The fractions are given by the relative multiplicities
of sub-reflection within a hkl reflection. In fcc crystal
N ¼ 4 for the first 15 Bragg reflections, in hexagonal crys-
tals N ¼ 6 [88, 89].

The evaluation of faulting and twinning has been incor-
porated into the convolutional multiple whole profile
(CMWP) procedure [84]. The extended convolutional mul-
tiple whole profile (eCMWP) method [51] works accord-
ing to the following principle, also applied in other whole
profile fitting procedures, cf. [83, 85]:

IMEAS ¼ IS � ID � ISF � IINST þ BG; ð11Þ
where IMEAS is the measured and IINST the instrumental
pattern, and BG is the background intensity. The IS, ID,
and ISF profile functions or their Fourier transforms are
given by Eqs. (4), (7) and (10) in which hkl scaling is
provided by the rule of size anisotropy, the dislocation
contrast factors and the scaling scheme worked out for
planar defects, respectively.

3. Representative applications

3.1 Metals

3.1.1 Evolution of the ultrafine-grained microstructure
in metals

Bulk nanocrystalline or ultrafine-grained (UFG) metals are
produced either by building up from small structural ele-
ments (e.g. by electrodeposition or sintering from nano-
powders) or by refinement of bulk coarse-grained speci-
mens by severe plastic deformation (SPD). The starting
powder of the sintering process can be produced by differ-
ent methods (e.g. sol-gel method, wet chemical synthesis,
plasma synthesis, mechanical alloying) which are not dis-
cussed here in details. The “building-up” procedures gen-
erally result in lower grain size than the SPD methods
[91]. On the other hand, the SPD techniques warrant por-
osity- and contamination-free microstructures. The small
subgrain size and the high dislocation density (in the order
of 1015 m�2) result in very high strength of SPD processed
metals and alloys [92, 93]. In the case of severely de-
formed metals and alloys, X-ray line profile analysis is a
unique procedure for determining the very high dislocation
density as the establishment of this quantity with good
statistics by direct imaging methods, e.g. high resolution
transmission electron microcopy (HRTEM), requires tre-

570 J. Gubicza and T. Ungár

Fig. 1. Profiles of the {422} Bragg reflection and sub-reflections cor-
responding to various hkl conditions for 10% intrinsic stacking faults,
calculated by the DIFFaX [42] software.
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mendous efforts. The most frequently used SPD procedure
is the equal channel angular pressing (ECAP) as this
method results in bulk samples with relatively homoge-
neous microstructures [94]. One pass through the ECAP
die corresponds to an approximate equivalent strain of one
[94]. The evolution of the microstructure during ECAP
processing has been studied in numerous works [95]. As
an example, Fig. 2 shows the area-weighted mean crystal-
lite size, hxiarea and the dislocation density, r for a precipi-
tation hardened Al––Mg––Si alloy, Al-6082, as a function
of the number of ECAP passes. Nanosized microstructure,
hxiarea ffi 85 nm, with relatively high dislocation density,
4 � 1014 m�2, was achieved even after 1 pass. Slight incre-
ment in the dislocation density and reduction in the crys-
tallite size were observed with further ECAP passes and
the parameters of the microstructure saturate after about 4
passes. The yield strength, sY, of the ECAP processed Al
6082 specimens was measured at room temperature by
compression test and plotted as a function of ECAP
passes in Fig. 2. The compression axis was parallel to the
output channel axis of the last ECAP pass. Owing to the
refinement of the microstructure and the high dislocation
density the yield strength increased during ECAP deforma-
tion. The yield strength reached its saturation value, about
250 MPa after 4 passes, similar to the dislocation density.

The development of microstructure during ECAP oc-
curs in a similar manner in Al, Al-1%Mg and Al-3%Mg
specimens as for the Al 6082 sample [93]. The saturation
values of the crystallite size are approximately 300, 90 and
70 nm for Al, Al-1%Mg and Al-3%Mg, respectively. This
means that ECAP results in nanosized microstructure only
in the cases of Al alloys but not for pure Al. In the latter
case the microstructure can be regarded as ultrafine-grained
where the crytallite size is between 100 and 1000 nm. For
pure Al the dislocation density reached its maximum value
also even after the first pass, about 2 � 1014 m�2. At the
same time, for Al––Mg alloys the saturation occurs only at
4 passes similar to Al 6082 [93]. The maximum value of
the dislocation density are 3.9 � 1014 and 23 � 1014 m�2

for Al-1%Mg and Al-3%Mg, respectively, which are much
higher than that for pure Al. These phenomena can be ex-
plained by the effect of Mg solute atoms on the dislocation
mobility. The Mg atoms impede the motion of dislocations
in Al matrix which hinders the annihilation of dislocations
during deformation leading to an increase in the disloca-

tion density. The reduced recovery rate is responsible also
for the fact that saturation of dislocation density is
achieved only at higher strain values. As the grain-refine-
ment in SPD metals occurs usually by the arrangement of
dislocations into cell boundaries, the higher dislocation
density results in the decrease of crystallite size for higher
Mg concentration.

3.1.2 Correlation between the dislocation density,
the crystallite size and the grain size in
ultrafine-grained metals

Increasing the strain during SPD procedures, the increase
of the dislocation density and the reduction of the crystal-
lite size occur simultaneously. The correlation between the
two quantities is shown in Fig. 3 for bulk UFG metals
produced by SPD methods, i.e. by ECAP and high pres-
sure torsion-HPT. The different values for one composi-
tion correspond to different strain values achieved by SPD.
The data point related to the highest dislocation density of
82 � 1014 m�2 corresponds to the nanocrystalline Ni speci-
men produced by electrodeposition. It can be concluded
that, although there is no strict correlation between the
crystallite size and the dislocation density of the UFG me-
tals processed by SPD procedures, the higher dislocation
density is associated with smaller crystallite size. This is a
consequence of the fact that the mechanism of grain-re-
finement in SPD materials is the formation of low energy
dislocation configurations, e.g. dislocation walls. It seems
that this mechanism limits the lowest achievable value of
the crystallite size to about 30 to 40 nm, especially in Cu,
Ni or Fe, or usually in metals in which the grain refine-
ment is carried out at homologous temperatures not higher
than about 0.25 � Tm, where Tm is the melting tempera-
ture.

In Fig. 4 the grain size determined from TEM images
are compared with the mean crystallite size, hxiarea, ob-
tained from X-ray line profile analysis for SPD processed
metals and alloys. The mean crystallite size determined by
X-rays is generally lower than the grain size observed in
the TEM images which has been already reported for
other SPD materials previously [19, 68, 96]. This differ-
ence may be explained by the hierarchical microstructure
of SPD metals. The grains in SPD materials are divided
into subgrains and/or dislocation cells which are separated
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Fig. 2. The area-weighted mean crystallite size (hxiarea), the disloca-
tion density (r) and the yield strength (sY) as a function of number
of ECAP passes for Al-6082 alloy.

Fig. 3. The dislocation density (r) versus the area-weighted mean
crystallite size (hxiarea) for bulk nanocrystalline and ultrafine-grained
metals. The solid horizontal and vertical lines at the down-triangle
indicate the experimental uncertainties.
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from each other by low angle grain boundaries. The crys-
tallite size in SPD metals obtained by X-ray diffraction is
equivalent to the mean size of domains which scatter X-
rays coherently. Consequently, X-ray diffraction makes a
difference between the dislocation cells which are sepa-
rated from each other by small misorientation, typically
under 1–2 degrees. At the same time it was found pre-
viously [68, 96] that these dislocation cells can only be
observed separately by electron microscopy if highly mag-
nified TEM images are studied very carefully. The agree-
ment between the distributions of cell size determined by
TEM and crystallite size obtained by X-ray line profile
analysis is demonstrated in Fig. 5 for Ti processed by 8
ECAP passes [96]. The usual TEM investigation of SPD
metals gives the grain size which is higher than the dislo-
cation cell size obtained by X-ray diffraction peak profile
analysis. To obtain a detailed image of the microstructure
of SPD materials, the simultaneous application of X-ray
diffraction and TEM is necessary. TEM studies showed
that the minimum grain size in metals achievable by SPD
is about 100–200 nm therefore these materials are rather
called as ultrafine-grained instead of nanocrystalline. How-
ever, the size of subgrains or cells inside the grains may
be as small as 40 nm as discussed above.

It should be noted, that for real nanocrystalline metals
where the grain size (not the crystallite or domain size!) is
of several tens of nanometers, the ex-situ investigations
did not show dislocations inside the grains. These materi-

als are usually processed by condensation or deposition
methods which are essentially different from SPD. At the
same time, in-situ TEM observations showed dislocation
activity during deformation of electrodeposited, fully
dense, nanocrystalline Ni with an average grain size of
�30 nm [97]. This means that in spite of the lack of sto-
rage of dislocations inside the grains, the plastic deforma-
tion may mediated by dislocations even in nanocrystalline
materials. It was also shown that beside dislocation mo-
tion, other mechanisms, e.g. grain boundary sliding also
contributes to deformation of nanomaterials [98–102].

3.1.3 Dislocation structure
in nanocrystalline hexagonal metals

For obtaining fine-grained microstructure with high dislo-
cation density SPD procedures were applied also to hexa-
gonal metals, e.g. on commercially pure Ti (CP Ti) [96]
and AZ91 Mg alloy [35]. Generally, the SPD processes on
hexagonal materials are carried out at elevated tempera-
tures because of brittleness at room temperature. In hexa-
gonal nanomaterials X-ray line profile analysis enables the
determination not only the density of dislocations but their
Burgers vector population. The eleven dislocation slip sys-
tems in hexagonal materials can be classified into three
groups based on their Burgers vectors: b1 ¼ 1=3h�22110i
(hai-type), b2 ¼ h0001i (hci type) and b3 ¼ 1=3h�22113i
(hcþ ai type). There are 4, 2 and 5 slip systems in the hai,
hci and hcþ ai Burgers vector groups, respectively. In

572 J. Gubicza and T. Ungár

Fig. 4. The grain size determined from TEM images (DTEM) vs. the
area-weighted mean crystallite size, xarea, obtained from X-ray line
profile analysis for SPD processed metals and alloys. The solid line
has a slope equal to one. The solid horizontal and vertical lines at the
up-triangle indicate the experimental uncertainties.

Fig. 5. The distribution of cell size determined by TEM and that of
crystallite size obtained by X-ray line profile analysis for Ti pro-
cessed by 8 ECAP passes [96].

Fig. 6. The dislocation density (r) and the relative fractions of Bur-
gers vectors (hj) for as-cast Mg (a) and ultrafine-grained AZ91 Mg
alloy processed by 8 ECAP at 270 �C (b) as a function of tempera-
ture of deformation.

a�

b�
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commercially pure Ti specimen processed by 8 ECAP
passes at 400–450 �C, the dislocation density obtained
from X-ray line profile analysis is 44 � 1014 m�2. The re-
lative fractions of the hai, hci and hcþ ai Burgers vectors
are 62%, 0–4% and 32–36%, respectively. The abundance
of hai-type dislocations besides the hci- and hcþ ai-type
dislocations has been also found for SPD processed Mg
alloys [35]. The relatively high fraction of hcþ ai disloca-
tions in hexagonal materials processed by ECAP can be
attributed to the high temperature of deformation. Theoreti-
cal calculations and TEM observations for hexagonal me-
tallic materials suggest the activation of hcþ ai disloca-
tions by strong deformation at elevated temperatures [102].
At room temperature the critical resolved shear stress of
pyramidal hcþ ai dislocations is about five times larger
than that for basal slip [98], but this value decreases with
increasing temperature. The development of the dislocation
density and the Burgers vector population as a function of
temperature of deformation are compared for coarse-
grained Mg and ultrafine-grained AZ91 Mg alloy pro-
cessed by high temperature ECAP in Fig. 6. The relative
fraction of the hcþ ai dislocations is high even in the in-
ital state obtained after ECAP-processing as it was carried
out at high temperature (270 �C). The dislocation density
is higher for any deformation temperature in the case of
ultrafine-grained material because of the higher defect den-
sity in the starting state processed by ECAP. The increase
of the population of hcþ ai dislocations occurs at higher
temperature for the ultrafine-grained sample than for the
as-cast sample. This is probably due to fact that for ultra-
fine grained materials grain boundary sliding also contri-
butes to the macroscopic deformation beside the sliding of
dislocations therefore the driving force to activate hcþ ai
dislocation is less than for coarse grained materials.

3.1.4 Planar faults in nanocrystalline metallic materials

The eCMWP procedure described above is applied to
evaluate planar fault densities together with dislocation
densities and crystallite size in nanocrystalline and submi-
cron grain-size copper specimens. Bulk nanocrystalline
copper specimens were prepared by inert gas condensation
(IGC) and hot compaction at Argonne National Labora-
tory [30, 103–106]. They are denoted as O2––IS, P2––IS,
and N2––IS in the as-prepared state (initai state) and P2––T
and N2––C after tensile and compression tests, respec-
tively. The notations are the same as in Weertman and
Sanders [104], Sanders [105], Sanders et al. [106] and Un-
gár et al. [30, 103]. Submicron grain-size copper samples
were prepared by ECAP either in the laboratory of Profes-
sor Valiev [107] or in the laboratory of Professor Estrin
[108] denoted as ECAP(a) or ECAP(b), respectively. The
twin densities, b are shown as a function of the area-
weighted mean crystallite size, hxiarea for the different na-
nocrystalline and submicron grain size specimens in
Fig. 7. The values of b gives the probability of finding a
twin boundary between two neighboring (111) lattice
planes. The dashed line is to guide the eye. It can be seen
that when the subgrain size is larger than about 40 nm the
twin density is close to zero, within experimental error. At
subgrain-size values smaller than about 40 nm the twin

density increases sharply and reaches values up to 6%. On
the basis of the model calculations and the experimental
values of staking fault energy in Cu, Zhu et al. [109] sug-
gest 40 nm as the critical grain size below which deforma-
tion proceeds by twinning instead of dislocation glide.
Figure 7 shows an excellent correlation with this sugges-
tion: when the area-weighted mean crystallite size is larger
than about 40 nm the twin density, within experimental
error, is close to zero. It should be noted that this limiting
value of crystallite size may change with the stacking fault
energy (SFE) of the metal. It has been shown [110] that
for Cu-10 wt% Zn where the SFE is about half of that for
pure Cu, the severe plastic straining of HPT results in a
relatively high twin density of 4.8% even for the crystal-
lite size of 50 nm. Comparing pure Cu and Cu-10 wt% Zn
specimens, the lower SFE results in also a lower crystal-
lite size (70 nm was determined for Cu) and 2.5 times
higher dislocation density [110].

3.2 Ceramics

Dense nanocrystalline ceramic materials are usually pro-
duced by sintering of nanopowders. The effect of the size
distribution of the starting ceramic powders and the sinter-
ing conditions (e.g. temperature and pressure) on the mi-
crostructure of the compacted bulk material has been stud-
ied by X-ray line profile analysis in several papers [9, 16,
111]. Louër et al. [111] have determined the shape, size
and size distribution of crystallites in nanocrystalline ZnO
powder synthesized by thermal decomposition of zinc hy-
droxinitrate. Although the line breadths show a strong hkl
dependence, the harmonic pairs of reflections, e.g. 100–
300 and 002–004 were identical within experimental er-
rors. These observations were attributed to the shape ani-
sotropy of the crystallites. In the quantitative evaluation of
the Fourier transforms of the profiles, the crystallites are
modelled by cylinders. It was found that the axis of the
cylinder was parallel to the hexagonal c axis and the aver-
age diameter and height were 11 and 24 nm, respectively.
TEM micrographs have confirmed the same shape aniso-
tropy and average size values, although they showed that
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Fig. 7. The twin density as a function of the area-weighted mean
crystallite size, hxiarea, for different nanocrystalline Cu specimens. In-
ert gas condensed and compacted specimens: O2–IS, P2–IS, P2–T,
N2–IS, and N2–C. Submicron grain-size samples deformed by
ECAP: ECAP (a) open left triangles and ECAP (b) open squares,
respectively. The dashed line is to guide the eye. The solid vertical
line indicates the experimental uncertainty [30, 103–108].
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the real shape of the crystallites is prism with irregular
hexagonal cross section.

Bulk ultrafine-grained tungsten-carbide specimen was
produced by ball-milling of submicron size powder and
subsequent sintering at high temperature (1420 �C). The
crystallite size distribution of nanopowders obtained by
ball-milling and the bulk specimen produced by sintering
were studied by X-ray line profile analysis [9]. The line
breadths decreased down to about one-third during sinter-
ing as a consequence of the grain-growth at high tempera-
ture consolidation. The good agreement between the crys-
tallite size distribution determined by line profile analysis
and TEM has been observed for the sintered tungsten-car-
bide sample [9]. The good correlation between the mean
crystallite size determined by X-ray diffraction, about
2.4 nm, and that obtained from TEM micrographs, about
3.5 nm, was also observed for a CeO2 ceramic powder
[16]. This powder was prepared by decomposition of
Ce2O(NO3)6 	 H2O in nitrogen athmosphere at 230 �C. It
was found that the strain contribution to peak broadening
is also negligible for this material.

The crystallite size in silicon nitride ceramic powders
determined by X-ray line profile analysis were also com-
pared with TEM observations and specific surface area
measurements [11]. A silicon nitride powder was pro-
duced by nitridation of silicon and subsequent milling
[11]. The area weighted mean crystallite size, hxiarea,X-ray

¼ 62(5) nm, agrees well with the area weighted mean par-
ticle size calculated from the specific surface area deter-
mined by the Brunauer-Emmett-Teller (BET) method
hxiarea,BET ¼ 71(5) nm. The crystallite size distribution was
also in very good agreement with that obtained from TEM
micrographs. Another Si3N4 powder was prepared by gas-
phase synthesis of silicon-tetrachloride and ammonia in
thermal plasma reactor and post-crystallization at 1500 �C
for 2 h. It was found that the mean size obtained from
line profile analysis, hxiarea,X-ray ¼ 93(5) nm was in good
agreement with that determined by BET method
hxiarea,BET ¼ 94(5) nm. It was found that the TEM particle
size distribution contained somewhat smaller particles than
those in the crystallite size distribution obtained from line
profile analysis. This is unusual among the comparative
studies of X-ray and TEM sizes since in general the grain
size determined by X-ray is smaller than that established

by TEM. The phenomena can be explained by the smaller
amorphous grains in the powder.

Figure 8 shows the grain size determined by TEM for
ceramic materials discussed here versus the area-weighted
mean crystallite size obtained by X-ray line profile analy-
sis. It can be concluded that for nanocrystalline ceramic
materials the two size values agree well. This means that
usually the grains or particles in the bulk or powder cera-
mic materials, respectively, are single crystals, i.e. in con-
trast with metals they are not divided into smaller do-
mains, e.g. by dislocation cell-walls. In multiple-phase
ceramic materials where the particles consists of crystal-
lites of different phases, the particle size can be larger
than the crystallite as shown in the case of zirconia cera-
mics [112]. In ceramic powders containing amorphous
fraction the crystallite size can be smaller or higher than
the particle size.

3.3 Diamond and silicon carbide

Bulk nanostructured diamond may be consolidated from
nanopowders under high pressure and high temperature
conditions. From the agreement between the particle size
distributions of the starting powders obtained by line pro-
file analysis and BET method, it was concluded that for
the size below 30 nm, the diamond particles are single
crystals similarly as for ceramic powders [113]. The Wil-
liamson-Hall plots show that these particles are dislocation
free but they contain significant amount of planar faults
[113]. The diamond powders with the particle size higher
than 30 nm contains dislocations and their density in-
creases during sintering procedure. Bulk ultrafine grained
diamond can be also processed by sintering of micron-
sized powders. During consolidation at high pressure and
temperature, dislocations are formed and the grains are
divided into subgrains or dislocation cells, similarly as in
metals by severe plastic deformation [113]. The disloca-
tion formation is induced by the contact shear stresses ex-
erted by the edges of neighboring particles in the com-
pressed powder.

Silicon carbide is also frequently used as a functional
and structural material at high temperatures. Nanocrystal-
line SiC offers very high strength either as a binding
phase in diamond composites or as a single phase material
even at high temperatures [114]. Ultrafine grained bulk
SiC samples are usually fabricated from nanopowders by
sintering at high pressures and temperatures. It is expected
that the microstructure of sintered SiC can be tailored by
the proper selection of these two parameters [114].

To study the effect of the sintering conditions on the
microstructure, bulk nanocrystalline SiC specimens were
sintered from SiC nanopowder with nominal grain size of
30 nm. The sintering procedure was carried out at tem-
peratures of 1400, 1600 and 1800 �C. At each tempera-
ture, specimens were sintered at pressures of 2, 4 and
5.5 GPa. This process gave nine bulk sintered SiC sam-
ples, in addition to the initial powder. An additional speci-
men was produced at 1800 �C and at a very high sintering
pressure of 8 GPa. The lattice defect structure and the
crystallite size are studied by X-ray line profile analysis
and transmission electron microscopy. For revealing the
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Fig. 8. The grain size determined from TEM images (DTEM) vs. the
area-weighted mean crystallite size, xarea, obtained from X-ray line
profile analysis for nanostructured ceramic materials. The solid line
has a slope equal to one. The size of the symbols represents the un-
certainty of data.
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type of lattice defects in the microstructure, the Full Width
at Half Maximum (FWHM) was plotted as a function of
the length of the diffraction vector in the Williamson-Hall
plot. The character of the Williamson-Hall plots are dif-
frerent for the samples sintered at different conditions. For
the initial powder and the specimens sintered at pressures
lower than 4 GPa and temperatures below 1600 �C, the
FWHM values of the 111/222 and 200/400 reflection pairs
are order-independent indicating that line broadening, in
this case, is mainly caused by small crystallite size and/or
planar faults. A typical example of such type Williamson-
Hall plots is shown in Fig. 9 where the FWHM data are
plotted for the specimen sintered at 5.5 GPa and 1400 �C.

At the same time, for the SiC specimen sintered at
higher pressures and temperatures, e.g. 5.5 GPa and
1800 �C, the breadths of harmonic pairs of reflections are
different, i.e. there is a strong order-dependence of the
FWHM values, as shown in Fig. 10. This demonstrates the
existence of lattice strains in the crystallites. If the lattice
strains are caused by dislocations, the peak breadths have
a specific dependence on hkl indices [25]. In this case the
FWHM values follow a nonmonotonous line with increas-
ing K in the Williamson-Hall plot, i.e. the breadth of a
peak is smaller than that for another peak at smaller K
value [65]. This type of behavior can be observed in
Fig. 10 for 400 and 331 reflections. Assuming the most
common dislocation slip system in SiC, i.e. h110i{111},
with the Burgers vector b ¼ a/2h110i, the anisotropic
strain broadening has been rationalized by the average

contrast factors, C, in the modified Williamson-Hall plot,
see e.g. in Fig. 4b in [114], which indicates that strain
broadening of the profiles is caused by dislocations.

For the quantitative characterization of lattice defect
structure and crystallite size in nanostructured SiC sam-
ples, the X-ray patterns of the initial powder and the sin-
tered specimens were evaluated by the eCMWP fitting
method [114]. Typical examples of the fitting for the sam-
ples sintered at 5.5 GPa and temperatures of 1400 �C and
1800 �C are shown in Fig. 11. The line profile analysis
showed that the crystallite size increases during sintering.
The grain-growth is higher for higher temperature or pres-
sure of sintering. At the same time at 1800 �C the very
high pressure, 8 GPa, impeded the increase of the crystal-
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Fig. 9. The Williamson-Hall plot of nanocrystalline SiC sintered at
5.5 GPa and 1400 �C. The solid vertical line indicates the experimen-
tal uncertainty.

Fig. 10. The Williamson-Hall plot for nanocrystalline SiC sintered at
5.5 GPa and 1800 �C. The solid vertical line indicates the experimen-
tal uncertainty.

Fig. 11. The eCMWP fitting of the patterns for the samples sintered
at 5.5 GPa and temperatures of (a) 1400 �C and (b) 1800 �C. Open
circles and solid line represent the measured and the fitted patterns,
respectively.

a�

b�

Fig. 12. The ratio of the twin density and the dislocation density
(b/r) as a function of the crystallite size for nanocrystalline SiC spe-
cimens sintered at different conditions. The solid vertical line indi-
cates the experimental uncertainty. The dashed line shows a reason-
able correlation suggested by the datapoints.
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lite size. Examination of the TEM images confirmed that
conclusion. A correlation between the crystallite size and
the lattice defect structure has been established. Figure 12
shows the ratio of the twin density and the dislocation
density (b/r) as a function of the crystallite size for nano-
crystalline SiC specimens sintered at different conditions.
It can be concluded that the increase of the crystallite size
is accompanied by the reduction of planar fault probability
and by the increase of the dislocation density. This result
is also in line with previous observations for Cu and
Cu––Zn alloys discussed above in this paper. The critical
value of crystallite size for nc-SiC, where dislocations are
abundant instead of planar faults, is estimated to be be-
tween 25 and 70 nm.

3.4 Polymers

The effect of plastic deformation on the lattice defect struc-
ture in nanostructured monoclinic a-phase isotactic poly-
propylene (PP) was studied by X-ray line profile analysis
[115]. The specimens were plastically deformed by rolling
to different strain values up to 49.6%. For the coherently
scattering domain size, or “apparent crystallite size”, the
evaluation yields a continuous decrease with increasing
plastic deformation. The resulting domain sizes lie between
20 nm for the undeformed and 15 nm for the deformed
specimen, where etrue ¼ 50%. This value is in good correla-
tion with the lamella thickness of polypropylene [115]. The
Williamson-Hall plot in Fig. 13 shows a strong order de-
pendence of peak breadths. Using the average dislocation
contrast factors, C, the FWHM values can be arranged
along a smooth curve in the modified Williamson-Hall
plot, as it can be seen in Fig. 14. This means that the lattice
defects in melt-crystallised and plastically deformed poly-
propylene have the same type of strain field as for disloca-
tions, therefore we can call these defects as dislocations.

The modified Williamson-Hall plot was used only for
the examination of the source of lattice strain in the micro-
structure. The dislocation density was evaluated by profile
fitting method (CMWP). It was found that the dislocation
density increases with deformation, as it can be seen in
Fig. 15. The dislocation densities of plastically deformed

PP are between 1016 and 1017 m�2. The reported disloca-
tion densities in polypropylene are considerably higher
than the values for common metals. An explanation is the
long-chain nature of the macromolecules which cause ad-
ditional constraints when polymer crystals develop. This,
in some natural way, leads to the strong production of dis-
locations already in the undeformed materials [116]. The
higher initial dislocation density might yields higher num-
ber of sources for dislocation generation during deforma-
tion compared to metallic materials.

4. Summary

The fundamentals of the method of X-ray line profile ana-
lysis is discussed in terms of: (i) strain anisotropy, and the
dislocation model of strain anisotropy, (ii) the qualitative
information provided by the different breadth methods,
especially the Williamson-Hall and modified Williamson-
Hall plots and the modified Warren-Averbach procedure,
(iii) the more sophisticated and more quantitative methods
of whole profile and whole pattern fitting procedures. The
efficiency of the procedure is demonstrated by discussing
the defect structures in metals, ceramics, diamond and SiC
nanocrystals and polymers. It is shown that, especially in
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Fig. 13. Classical Williamson-Hall plot for polypropylene peaks
(1 1 0), (0 4 0), (1 3 0), (0 5 0) and (0 4 1) deformed by rolling up
to etrue ¼ 49.6%. The solid vertical line indicates the experimental
uncertainty.

Fig. 14. Modified Williamson-Hall plot for the same sample and
peaks as in Fig. 13. The solid vertical line indicates the experimental
uncertainty.

Fig. 15. Dislocation density versus the true strain for the rolled poly-
propylene specimens. The solid vertical line indicates the experimen-
tal uncertainty.
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bulk metallic submicron grain size and nanomaterials pro-
cessed by plastic deformation, the X-ray crystallite size is
in best correlation with the subgrain size or dislocation
cell size provided by TEM or HRTEM. In the case of pow-
der or sintered bulk ceramics X-ray crystallite size is in
good agreement with TEM particle or grain size, respec-
tively. It has been shown that twinning and faulting can
readily be determined together with the dislocation struc-
ture and size properties. It was found that in submicron
grain size and nanocrystalline copper twinning becomes
substantial when the crystallite size is smaller than about
40 nm. In nanocrystalline SiC, starting from a twinned
nano-powder, twinning has been enhanced when crystallite
size remained small during sintering, whereas, grain coar-
sening caused by sintering is accompanied by increased
dislocation activity at the cost of twinning. In polypropy-
lene X-ray line profile analysis has provided extremely
large dislocation densities in good correlation with the
small lamella thickness in this structure.
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