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Abstract The review is devoted to a study of interface phenomena influencing advanced properties
of nanoscale materials processed by means of severe plastic deformation, high-energy ball
milling and their combinations. Interface phenomena include processes of interface defect
structure relaxation from a highly nonequilibrium state to an equilibrium condition, grain boundary
phase transformations and enhanced grain boundary and triple junction diffusivity. On the basis
of an experimental investigation, a theoretical description of the key interfacial phenomena
controlling the functional properties of advanced bulk nanoscale materials has been conducted.
An interface defect structure investigation has been performed by transmission electron
microscopy (TEM), high-resolution X-ray diffraction, atomic simulation and modeling. The prob-
lem of a transition from highly non-equilibrium state to an equilibrium one, which seems to be
responsible for low thermostability of nanoscale materials, was studied. Also enhanced grain
boundary diffusivity is addressed. Structure recovery and dislocation emission from grain bounda-
ries in nanocrystalline materials have been investigated by analytical methods and modeling.
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1. INTRODUCTION

At the present time, nanoscale materials can be
rationally designed to exhibit novel and significantly
improved physical and chemical phenomena and
processes due to their nanocrystalline structure. The
properties of condensed phases at the nanoscale
are not necessarily predictable from those observed
for coarse-grained materials. Important changes in
behavior are caused not only by continuous modifi-
cation of characteristics with refining microstructure
but also by the emergence of entirely new phenom-
ena, e.g. quantum size confinement, wave-like
transport and predominance of interfacial phenom-
ena [1-3]. Today there are more than 30 different
processes for manufacture of nanostructured (NS)
materials, including the ones based on vapor depo-
sition (chemical and physical), sputtering, vacuum
arc deposition, mechanical alloying, electrodeposi-
tion and severe plastic deformation (SPD). However,
many of these are expensive, require sophisticated
equipment and often produce only comparatively thin
structures, typically thinner than 1 mm. Severe plas-
tic deformation processes (equal-channel angular
pressing, high-pressure torsion, multi-forging, ac-
cumulative roll bonding) do not have this drawback
but instead they create a real nanocrystalline mi-
crostructure. The grain size in SPD materials is in
the range of 5-1000 nm. However, there is a poten-
tial for applying SPD techniques to compact fully
dense bulk nanomaterials from ball milled powders
and rapidly quenched ribbons. The nanoscale ma-
terials processed to date have demonstrated novel
and often extraordinary properties such as a de-
crease in the elastic moduli, decreases of the Curie
and Debye temperatures, enhanced diffusivity and
improved magnetic properties [4-6]. With respect
to the mechanical properties, many experiments
have revealed the potential for achieving high

strength, wear resistance, good ductility at ambient
temperatures and superplasticity at elevated tem-
peratures [4,7]. A control of nanoscale grain bound-
ary properties has permitted the development of new
materials with unprecedented combinations of high
toughness, strength and resistance to high-tempera-
ture creep. This breakthrough was achieved by con-
trolling the grain boundary chemistry and structure
on the nanometer scale [7]. Recently, Nature and
Science published papers reporting the occurrence
of low temperature and/or high strain rate superplas-
ticity in nanocrystalline metals and alloys [8,9].
These results have remarkable scientific value for
materials science since they allow the development
of new technology for the superplastic forming of
components having complex shapes. These super-
plastic properties are due not only to the ultrafine
grain sizes but also to the enhanced diffusivity that
have been indirectly confirmed in some publications
on diffusion measurements in nanocrystalline ma-
terials [10,11]. It was shown particularly that the
grain boundary phase transformations (wetting, pre-
wetting, pre-melting) can lead to the formation of
stable thin layers of the grain boundary phase [12].
The presence of a GB phase can both stabilize the
fine structure of nanograined materials and ensure
enhanced grain boundary diffusion [12]. Recently, it
has been demonstrated that grain boundary phase
transformations are responsible for the remarkable
phenomenon of high-strain high-rate superplasticity
in Al-alloys [13]. The unusual behaviour of grain
boundaries in nanostructured ballmilled Fe suggest
that they essentially represent a second phase in
which the magnetic properties differ from those of
bulk bcc-Fe [14,15]. The ordered paramagnetic Fe-
Al alloys in the ball-milled nanostructured state ex-
hibit ferromagnetic properties [16].

A comprehensive study of physical and mechani-
cal properties has become possible as innovative
methods for NS materials processing have been ad-
vanced. The main intriguing question examined here
is how they differ in their properties and behaviour
from conventional materials. There is some evidence
that nanostructured materials processed by differ-
ent methods can differ drastically in their properties
in spite of the fact that they have comparable mean
grain sizes. At least two major problems will be high-
lighted to examine this point. The first is concerned
with the negative Hall-Petch slope observed in some
experiments that was often associated with heat
treatment of samples. Little attention has been fo-
cused on quantifying this heat treatment-related
strengthening. It is still unclear whether these ef-
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fects are due to a change of the �inherent� proper-
ties of the grain boundaries or due to a change of
the microstructure during heat-treatment [10]. Vari-
ability in the strain to failure in nanoscale metals
also is not well understood. As mentioned above,
superplasticity was observed in nanocrystalline
nickel [8] and copper [9] processed by electrodepo-
sition. By contrast, there is no ductility in nickel
obtained by severe plastic deformation despite the
fact that at the start of the testing both materials
have a similar grain size. Comparable discrepan-
cies have also been found in diffusion experiments
performed on electrodeposited and SPD processed
samples of nickel. Whereas electrodeposited nickel
has demonstrated enhanced diffusivity that can be
explained by increasing the volume fraction of the
interfaces, SPD nickel possesses even higher
diffusivity (by 2-3 orders of magnitude) compared to
electrodeposited nickel samples. In such a case,
simple physical reasoning suggests the strain to
failure during superplastic deformation should be
larger in SPD nickel than in electrodeposited nickel.
Are these disagreements in experimental data a
direct result of processing technique? Or are these
differences driven by the presence of grain bound-
ary phases formed during the SPD? An answer to
these questions can be attained if different groups
of investigators work as one team and disseminate
and exploit their scientific results. Two successful
attempts have been made to monitor microstruc-
ture evolution at early stage of deformation during
ECAP [17,18] and HPT [19]. However, the main is-
sue of SPD processing is the mechanism for devel-
opment of high angle random boundaries and this
is still unclear. Is it a dislocation accumulation pro-
cess transforming dislocation walls into low angle
boundaries and finally into high angle arrays or is it
a rotation mode taking place during SPD? This prob-
lem will be addressed using severe plastic defor-
mation of pure metals as a model material.

As was mentioned in many earlier publications
(see for example [4]) high angle random boundaries
formed during SPD are in a non-equilibrium state
that can be characterized by enhanced GB surface
energy. Some evaluations [20] indicate that the GB
surface energy in SPD materials can be higher than
in conventional coarse-grained materials. But no
thorough investigations have been done yet. We aim
to investigate the kinetics of transition from a highly
non-equilibrium state to equilibrium condition, where
this seems to be responsible for low thermostabil-
ity of nanoscale materials. This investigation is
planned using high resolution electron microscopy

and high resolution x-ray, DSC/DTA analysis and
atomic simulation. As noticed above, the interfacial
structures and their evolution in nanoscale solids
processed by different methods are essentially dif-
ferent not only from those in conventional coarse-
grained polycrystals but also from each other. There-
fore, the construction of phase diagrams containing
the novel lines of the grain boundary phase transi-
tions which allow the correct thermodynamic de-
scription of nanostructured materials is of critical
importance [21]. As a result, it is necessary to de-
lineate the temperature and concentration intervals
where the nanocrystalline structure of materials is
stabilized by the presence of grain boundary phases.
The theoretical part of the review will be focused on
modelling of the interfacial structures and phenom-
ena in materials under study, where this informa-
tion is needed to understand their nature and evalu-
ate their potential for practical use. These studies
are based on theoretical concepts, methods and
models developed recently for interfaces and
nanoscale processes in solids [22,23].

The review consists of the following sections.
In Section 2, general description of severe plas-

tic deformation as a method for processing ultrafine-
grained and nanocrystalline materials is discussed.
We focus on three techniques used in the present
work, namely, equal-channel angular pressing, high-
pressure torsion and ball milling as well as their
combinations. Special attention is paid to the new
technique of cold HPT consolidation of ball milled
powder.

Section 3 describes recent studies of the effects
of plastic deformation on the Co microstructure af-
ter high pressure torsion process on un-milled and
ball milled powders that have been studied and com-
pared to those induced simply by ball milling (BM).
X-ray diffraction analysis reveals that both process-
ing routes generate in Co large amounts of stack-
ing faults, which result in a mixture of hexaconal
closely packed (hcp) and face-centered cubic (fcc)
lattice. Cold-consolidation using high pressure tor-
sion has been applied to ball-milled Fe-based amor-
phous ribbons to process bulk disks. The mainly
amorphous bulk samples demonstrated soft mag-
netic behavior, higher Curie temperature and en-
hanced microhardness with respect to the ribbons.

Section 4 is devoted to a detailed investigation
of the microstructural characteristics in samples of
pure nickel processed using three different proce-
dures of severe plastic deformation: equal-channel
angular pressing (ECAP), high-pressure torsion
(HPT) and a combination of ECAP and HPT. Micro-
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structural characteristics such as the grain size dis-
tributions, the textures, the distributions of the
misorientation angles and the boundary surface
energies in the as-processed materials have been
evaluated using different experimental techniques.
It is shown that a combination of ECAP and HPT
leads both to a greater refinement in the microstruc-
ture and to a smaller fraction of boundaries having
low angles of misorientation. The estimated bound-
ary surface energies were higher than anticipated
from data for coarse-grained materials and the differ-
ence is probably due to the non-equilibrium charac-
ter of many of the interfaces after SPD processing.

Section 5 describes results of studying struc-
ture and the phase composition of Al-Zn, Al-Mg and
Al-Mg-Zn alloys before and after high-pressure tor-
sion. The initial grain size of (Al) grains and rein-
forcing second phases decreases drastically reach-
ing the nano-range. At the same time the Zn-rich
(Al) supersaturated solid solution decomposes com-
pletely and reaches an equilibrium corresponding
to room temperature. This process is less pro-
nounced for Mg. Therefore, the severe plastic defor-
mation of supersaturated solid solutions can be
considered, similar to the irradiation at ambient tem-
perature, as a balance between deformation-induced
disordering and deformation-accelerated diffusion to-
wards the equilibrium state.

Section 6 portrays annealing phenomena and
creep behavior in nanoscale materials. Computer
modeling of GB free volume and surface energy and
their influence on creep behavior in nanocrystalline
metals are discussed in Section 6.1. Results on
the mechanisms and kinetics of relaxation (recov-
ery) of nonequilibrium GBs in SPD- nanomaterials
are reviewed in Section 6.2. The GB diffusion coef-
ficient in nanomaterials is closely related to the
nonequilibrium GB structure and depends on the
time of diffusion annealing. This dependence is stud-
ied in terms of a solution of the diffusion equation
with time-dependent coefficient and the experimen-
tal data on GB diffusion coefficient are analyzed on
the basis of this solution. In Section 6.3 we provide
a brief overview of theoretical models describing the
emission of perfect and partial lattice dislocations
from grain boundaries in deformed nanocrystalline
materials. Focus is placed on the effects of the lat-
tice dislocation emission on ductility of
nanocrystalline materials fabricated by severe plas-
tic deformation methods. The lattice dislocation
emission from grain boundaries is treated as a mani-
festation of the interaction between different defor-
mation mechanisms operating in the nanocrystalline
matter.

Section 7 summarizes our current understand-
ing of the characteristics and behavior of ultrafine-
grained and nanocrystalline materials which were
produced in the present work.

The present review has been written in the frame
of INTAS Project (03-51-3779) under editing of the
team leaders with particular contributions of team
participants. Detailed information on the teams and
the Project can be found on the WEB site: http://
imech.anrb.ru/~INTAS03513779. This project unites
East and West partners working in close areas of
scientific interest in order to carry out a compre-
hensive study of interface structure, diffusion and
related phenomena in nanoscale materials [24]. In
our opinion, this review attempts to provide a com-
prehensive approach in which the fine structures and
properties associated with the internal interfaces in
nanostructured materials has been investigated
through the development of a range of complemen-
tary methods and by employing project participants
having expertise in several different but related ex-
perimental and theoretical areas.

2. PROCESSING AND EXPERIMENTAL

2.1. Equal-channel angular pressing
and high-pressure torsion

ECAP principle. The method of ECA pressing re-
alizing deformation of massive billets via pure shear
was developed by Segal and co-workers in the be-
ginning of the eighties [25,26]. Its goal was to intro-
duce intense plastic strain into materials without
changing the cross sectional area of billets. Due to
that, repeated deformation is possible. In the early
90s the method was further developed and applied
as an SPD method for processing of structures with
submicron and nanometric grain sizes [4,27,28]. In
these experiments the initial billets with a round or
square cross section were cut from rods, from 70 to
100 mm in length. The cross sectional diameter or
its diagonal did not generally exceed 20 mm.

Intense plastic straining is introduced into a
sample by pressing it through a die within a chan-
nel, which is bent at a selected angle in order to
impose the requisite strain by shear. Fig. 2.1a is a
schematic of the principle of ECA pressing. A test
sample is machined to fit within the die and is
pressed through the die using a plunger. Since the
two sections of the channel within the die are equal
in cross section, it follows that, neglecting any end
effects; the pressed sample has the same dimen-
sions as the original sample. Thus, repetitive
pressings may be easily undertaken in order to
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achieve a very high total strain. Two angles may be
used to specify the strain imposed on each pas-
sage through the die. These angles, illustrated in
Fig. 2.1b, represent the angle of intersection of the
two channels, Φ, and the angle subtended by the
outer arc of curvature at the point of intersection of
the two channels, Ψ. The strain imposed on a single
passage through the die is determined exclusively
by the values of Φ and Ψ, and in practice it has
been shown that the total strain, ε

N
, accrued from N

passages through the die is given by the relation-
ship [29]:

ε
N

N
= + +

+

F
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I
K
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Model experiments have confirmed the validity of
this relationship with the exception only of the
sample edges where the strain may be affected by
frictional effects. The value of Ψ has a relatively mi-

Fig. 2.1. ECAP: (à) � a schematic view, (b) � a section of the die showing the internal angles Φ and Ψ.

Fig. 2.2. Possible processing routes for ECAP pressing.

nor influence on the total strain. In practice, a strain
of ~1 is achieved in a single pass when Φ = 90°, so
that a total of ten passes will give a strain close to
~10. It has been shown experimentally that an
ultrafine grain size is attained most readily when
the strain imposed is very intense [30]; therefore,
the present experiments were conducted using dies
having Φ = 90°. When repetitive pressings are made
on the same sample, different processing routes
may be followed for the second and subsequent
pressings.

Three separate possibilities are illustrated sche-
matically in Fig. 2.2. In route A, the sample is
pressed each time with no rotation; in route B the
sample is rotated by 90° between each pressing,
and in route C the sample is rotated by 180° be-
tween each pressing. In practice, route B may be
further differentiated into route B

A
, where the sample

is rotated alternately by 90° in forward and back-
ward directions between each pressing, and route
B

C
, where the sample is rotated by 90° in the same

direction between each pressing. Experiments have
shown that an ultrafine grain size with high-angle
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Fig. 2.3. (a) Schematic illustration of HPT process-
ing and (b) parameters used in estimating the total
strain in HPT, (c) three-dimensional representation
of the total strain at the surface of a disk in HPT
estimated from eqn (2.6) for totals of N = 1 (lower
section), 5 (central section) and 7 (upper section)
whole revolutions: the strain in the central region of
the disk is not shown for simplicity.

boundaries is achieved most rapidly when using
route BC [31]. The experiments reported here were
conducted using route B

C
.

Principles of HPT. The conception of HPT [32] pro-
cessing is depicted schematically in Fig. 2.3. Fig.
2.3a shows the sample, in the form of a disk, lo-
cated between two anvils where it is subjected to a
compressive applied pressure, P, of several GPa at
room temperature and simultaneously to a torsional
strain which is imposed through rotation of the lower
support. Surface frictional forces therefore deform
the disk by shear so that deformation proceeds
under a quasi-hydrostatic pressure. Fig. 2.3b de-
picts the variables used in estimating the strain
imposed in HPT where, for an infinitely small rota-
tion, dθ, and displacement, dl, it follows that dl =
rdθ where r is the radius of the disk and the incre-
mental shear strain, dγ, is given by

d
dl

h

rd

h
γ

θ
= = ,  (2.2)

where h is the disk thickness. Assuming that the
thickness of the disk is independent of the rotation
angle, θ, formal integration can be used so that,
noting the equivalent strain ε γ= / ,3  the true loga-
rithmic strain, ε

EQ
, is given by
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Since θ=2πN, where N is a number of revolutions, it
follows that
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and in practice Eq. (2.4) is often simplified to the
form [33]
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Although Eq. (2.5) leads to a divergence of strain in
the centre of the disk at r = 0, it is a useful relation-
ship for determining the total strain at least within
the outer rim of the disk.

An alternative relationship has also been devel-
oped which incorporates the decrease in thickness
of the disk as a consequence of the applied pres-
sure, P. For this condition, the true strain is given
by [33]
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where h
0
 and h are initial and final thickness, re-

spectively. In a very recent report, Eq. (2.6) was
further simplified because, since (2πNr/h) >> 1, it
follows that [33]
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Thus, Eqs. (2.4) to (2.7) provide four distinct rela-
tionships that may be used to estimate the total
strains within disks subjected to HPT.

To evaluate the significance of these four rela-
tionships, it is useful to calculate the total strains
for the conditions where r = 10 mm, h

0 
= 0.3 mm, h=

0.1 mm and for the situation where the disk is sub-
jected to a total of N = 5 whole revolutions. It then
follows by calculation that the values of ε

true
 are ~7.5

from Eqs. (2.4) � (2.7). Thus, the difference between
these four results is negligible although in practice
Eqs. (2.6) and (2.7) may be more realistic because
they also incorporate the reduction in the disk thick-
ness. Based on the uncertainties in calculating
strain, it is reasonable to agree with an earlier sug-
gestion that the straining introduced in HPT is most
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realistically expressed by simply specifying the
number of revolutions imposed on the sample [34].

Using Eq. (2.6), Fig. 2.3c displays the three-
dimensional distributions of the total strain at the
upper surface of the disk for totals of N = 1 whole
revolutions of the sample (lower section), N = 5 revo-
lutions (central section) and N = 7 revolutions (up-
per section): for simplicity in presentation, these
plots omit the central parts of the sample where the
strains are very small. It is apparent from Fig. 2.3c
that Eq. (2.6) describes a smooth increase in the
total strain with increasing numbers of whole revo-
lutions and identical trends pertain also to Eqs (2.4),
(2.5), and (2.7). In practice, a more accurate evalu-
ation of the total strain stored within the disk during
HPT requires the use of finite element methods [35].

Three distinct types of HPT processing [36] are
illustrated schematically in Fig. 2.4: these types
are termed (a,b) constrained and (c) unconstrained
HPT, respectively. In constrained HPT, the disk is
machined to fit into a cavity in the lower anvil and
the load is applied so that, in principle at least, there
is no outward flow of material under the application
of a high load. Constrained HPT is therefore con-
ducted in the presence of a back-pressure. In prac-
tice, however, it is difficult to achieve an idealized
constrained condition and there is generally at least
some limited flow between the upper and lower an-
vils. In unconstrained HPT, the specimen is free to
flow outwards under the applied pressure and little
or no back-pressure is introduced into the system.

2.2. Ball milling and cold
  consolidation by means of HPT

Mechanical alloying (MA), first developed in the
1960s, is a high energy ball milling process [37-
39]. An initial blend of powders is repeatedly
kneaded together and re-fractured by the action of
the ball-powder collisions until a powder is produced
in which each particle has the composition of the

Fig. 2.4. Principles of HPT for (a, b) constrained
and (c) unconstrained conditions.

initial powder blend. The extremely fine grain sizes
generated during MA as well as the ability to pro-
duce a variety of non-equilibrium phases ranging from
supersaturated solid solution to nanocrystalline and/
or amorphous phases, may offer a means of im-
proving ductility and providing a better balance of
properties in challenging new materials, such as
intermetallic compounds. Since the process takes
place entirely in the solid state, it is also possible
to produce new alloys from virtually immiscible com-
ponents. Alternatively the MA process can be used
to distribute a second phase homogeneously
throughout a chosen matrix to produce a particu-
late reinforced metal matrix composite (MMC). Un-
like other methods (phase gas composition, elec-
trodeposition), mechanical alloying/ball milling (MA/
BM) produces nanostructured materials not by clus-
ter assembling but by structural decomposition of
coarse-grained structures as the result of heavy plas-
tic deformation. This makes the BM technique simi-
lar to several plastic deformation techniques devel-
oped in [4]. Ball milling has become a widely used
method to synthesize nanocrystalline materials
because of its simplicity, the relatively inexpensive
equipment and the applicability to essentially all
classes of materials. Nevertheless, some serious
problems are usually cited: contamination from mill-
ing media and/or milling atmosphere and the need
to consolidate the powder product while maintain-
ing the nanostructured feature of the material.

In the present work, a planetary mill has been
utilized for producing powder of metals and alloys.
This mill, also known as centrifugal mill, is a device
used to rapidly grind materials to colloidal fineness
(approximately 1 micron and below) by developing
high grinding energy via centrifugal and/or planetary
action. Each vial sits on an independent rotable plat-
form, and the entire assembly is also rotated in a
direction opposite to the direction of the vial plat-
form rotation. In planetary action, centrifugal forces
alternately add and subtract. The grinding balls roll
halfway around the bowls and then are thrown across
the vials, impacting on the opposite walls at high
speed. Grinding is further intensified by interaction
of the balls and sample.

As was mentioned above, the consolidation of
powder while maintaining the nanostructure is one
of the major problems of ball milling. High-pressure
torsion and equal-channel angular pressing can be
used for this purpose. HPT is especially suitable
because of the high pressure imposed. Ball milled
powder as well as amorphous ribbons were used in
the present study in order to fabricate bulk
nanocrystalline (partially amorphous) samples.
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3. MICROSTRUCTURE
CHARACTERISTICS OF BALL
MILLED MATERIALS
CONSOLIDATED BY HIGH
PRESSURE TORSION

3.1. Microstructural effects and large
microhardness in cobalt
processed by HPT consolidation
of ball milled powders

Extensive research has been carried out during the
last decades on the allotropic phase transforma-
tions of cobalt [40-42]. This metal undergoes a phase
transition, from hexagonal closed packed (HCP) to
lattice to face-centered cubic (FCC) lattice, when it
is heated above the thermodynamic equilibrium tem-
perature, T

t
 = 695K. In spite of its apparent simplic-

ity, several specific features make this phase change
particularly worth studying. For instance, the aver-
age transformation enthalpy has been found to be
different when heating (473 J.mol-1) or cooling (352
J.mol-1), which implies that a considerable thermal
hysteresis exists in the transformation [43]. More-
over, T

t 
can be significantly lowered by applying high

hydrostatic pressure [44]. In addition, pure fcc-Co
has been obtained at room temperature (well below
T

t
) in particles of nanometric sizes [45-47] or after a

high-energy ball milling process [48]. In fact, since
hcp and fcc are both close packed structures, stack-
ing faults usually play a key role in all the models
describing the transformation, either when it is ther-
mally activated or induced by a cold-work process
[40-42].

Among the traditional routes for plastic defor-
mation, ball milling has become a widespread tech-
nique for the processing of equilibrium and non-equi-
librium powder materials [49]. Moreover, in recent
years, growing interest has emerged in bulk
nanocrystalline materials processed by severe plas-
tic deformation techniques, such as high pressure
torsion or equal channel angular pressing [4,50].
The resultant materials often exhibit novel and unique
properties, such as high strength and wear resis-
tance or a high strain-rate superplasticity [8,24]. All
these phenomena mainly originate from the signifi-
cant grain size refinement accompanying severe
plastic deformation. The understanding of the mi-
crostructure evolution during plastic deformation
methods is of great importance for the advancement
of the applications of this type of materials.

In this study, cobalt powders have been pro-
cessed by a combination of two different techniques

of plastic deformation: ball milling and high pres-
sure torsion. Long-term milling and HPT result in
similar crystallite size refinement. However, the foils
obtained after both processing routes are composed
of a two-phase mixture (hcp + fcc), with large
amounts of stacking faults, especially of twin-type.
Interestingly, the foils, which are virtually free of po-
rosity, exhibit large microhardness values (H

v
 in

excess of 7.3 GPa). Both grain boundaries and twin
faults, which impose barriers for dislocation motion,
may be responsible for the large strain hardening.

Co powders (99.5%, 325 mesh, from Alfa-
Aesar ®) were mechanically milled in a planetary
ball mill (Fritsch Pulverissette 7), at 500 rpm, dur-
ing times ranging from 0.5 to 45 h, using agate vials
and balls, in a ball-to-powder weight ratio of 10:1.
The vials were previously sealed under argon atmo-
sphere to prevent oxidation. The unmilled and ball
milled (BM) powders were subsequently consoli-
dated by means of a HPT process, using a modi-
fied Bridgman anvil type device [51]. Several foils
were prepared, each corresponding to a different
milling time, by subjecting pre-compacted as-milled
powders to a 5 whole-turn torsion under an applied
pressure of 6 GPa.

High-resolution transmission electron micros-
copy (HRTEM) observations were carried out on a
foil processed by BM during 20 h and subsequent
HPT, using a Jeol 4000EX microscope operating at
400 kV. The specimen preparation procedure con-
sisted of conventional mechanical polishing until
thickness of 40 µm followed by Ar ion milling using
a Gatan PIPS with small incident angle, allowing
large thin and homogeneous areas to be obtained.

X-ray diffraction (XRD) experiments, using Cu-
Kα radiation, were performed both in as-milled (pre-
compacted) powders and in foils obtained after HPT.
Microstructural parameters (cell parameters, crys-
tallite sizes, microstrains, stacking fault probabili-
ties and phase percentages) were quantified by
means of the recently developed XRD data analysis
software Materials Analysis Using Diffraction
(MAUD), which is based on a full pattern fitting pro-
cedure (Rietveld method) [52-54]. The whole experi-
mental XRD pattern is modeled using pseudo-Voigt
functions, whose intensities depend on the struc-
ture of the phases present in the specimen [55].
Crystallite sizes and microstrains are determined
from the angular dependence of the Cauchy and
Gaussian components of the half-width at half-
maxima (HWHM) of the diffraction peaks, following
the Delft model [53]. The program also allows cal-
culating stacking faults probabilities. This is carried



53Fundamentals of interface phenomena in advanced bulk nanoscale materials

out according to Warren�s formulae, from where two
types of faults, namely twin and deformation faults
can be quantified [56].

The Vickers microhardness of the HPT foils was
measured at half the radius of the disks by means
of a MHT-10 tester attached on a Zeiss Axioplan
optical microscope, using a load slope of 0.2 N/s.
Sufficient hardness measurements were carried out
to ensure standard deviations below 5%. It is well
known that reliable values of microhardness require

Fig. 3.1. (a) XRD patterns of Co before milling and after ball milling (BM) for 0.5, 20 and 45 h. (b) XRD
patterns obtained after subjecting to high pressure torsion (HPT) unmilled Co powders and Co milled for 0.5,
20 and 45 h. The symbols # and o denote the hcp and fcc phases, respectively.

Fig. 3.2. XRD pattern of Co milled for 0.5 h together
with the curve generated from the full-pattern fitting
procedure and the corresponding difference between
the calculated and the experimental profiles. The
Miller indexes have also been indicated in the fig-
ure. Note that H and C denote the hcp and fcc
phases, respectively.

the material to be thick enough and free of porosity
[24]. Since these conditions cannot be entirely en-
sured in as-milled powders, the microhardness was
only measured in HPT foils.

Fig. 3.1 shows the XRD patterns of unmilled Co
and Co milled for 0.5, 20 and 45 h, before (a) and
after (b) HPT. Fig. 3.2 shows the XRD pattern of the
0.5 h BM Co powders, together with the curve gen-
erated by the full-pattern fitting procedure and the
corresponding difference between the calculated and
the experimental profiles. It can be seen that the
XRD pattern can be very well fitted using the Rietveld
method. The Miller indexes of the different peaks
are also indicated in Fig. 3.2. In Fig. 3.1a it can be
seen that the starting Co is a mixture of hcp and fcc
phases (note that the symbols # and ¡ denote the
hcp and fcc phases, respectively). The fcc-Co is
probably retained from the gas-atomization process
used to synthesize the starting Co powders. The
amount of fcc rapidly reduces with milling time. This
is evidenced by the large decrease in intensity of
the (200)

C
 peak after 0.5 h of milling. However, as

milling time further increases, a wide hump appears
at the position of this peak, indicating that fcc-Co is
somewhat recovered. Conversely, when the unmilled
powders are subjected to HPT, the fcc-Co trans-
forms almost completely into hcp-Co (see Fig. 3.1b).
Moreover, this transformation persists, although not
so efficiently, when HPT is applied to already ball-
milled powders.

The milling time dependencies of the hcp-Co
weight percentage, before and after HPT, are shown
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Fig. 3.3. Milling time dependencies of the hcp weight
percentage for as-milled (pre-compacted) Co pow-
ders (-∆-) and powders ball milled (BM) and con-
solidated by HPT (-n-). The lines are guides to the
eye.

in Fig. 3.3. A maximum hpc content is observed in
both cases for short milling times and a two-phase
mixture is observed afterwards. However, hcp-Co
always remains the predominant phase, especially
after HPT. Remarkably, HPT on the unmilled
samples results in an almost 100 % hcp structure.

Also worth mentioning is that a widening of the
diffraction peaks is observed as milling time in-
creases and, even more remarkably, after BM +
HPT. This is due to the crystallite size refinement
and the increase of microstrains associated with
both processing routes. The dependence of the crys-
tallite size of the hcp phase, <D>

H
, on the milling

time, before and after HPT, is shown in Fig. 3.5.
Due to the exceedingly small amount of fcc after
HPT, the values of the crystallite size and
microstrains for fcc-Co cannot be reliably determined
for all milling times, although <D>

C
 is estimated to

be of around 3 nm after long-term milling + HPT. It
can be seen that, in as-milled powders, <D>

H
 de-

creases progressively with milling time, reaching a
minimum value of 8.7 nm after milling for 45 h. HPT
on the unmilled powders results in <D>

H
 = 12 nm,

i.e. similar to the one obtained after 20 h of milling.
However, HPT becomes very effective in terms of
crystallite size refinement when carried out in the
milled powders. This is already evident from the XRD
peak widths shown in Fig. 3.1. It is remarkable that
when the 45 h as-milled powders are subjected to
HPT, <D>

H
 becomes extremely small, of the order

of 3.5 nm, indicating that Co is close to
amorphization.

The high resolution transmission electron micros-
copy image of a thinned Co foil obtained by BM
during 20 h and subsequent HPT is shown in Fig.
3.4. It can be seen that the specimen is composed
of very small crystallites, oriented in different direc-
tions and well soldered together. A detailed exami-
nation reveals that the sample is free of porosity,
i.e. fully dense, hence exhibiting a bulk character. It
is worth noting that the crystallites are irregular in
shape and size, most of them attaining sizes of
less than 10 nm. Due to these reduced dimensions,
the crystallites are often overlapped when they are
observed by HRTEM, thus making it very difficult to
perform a quantitative study of the type and amount
of stacking faults. Hence, this quantification was
not attempted by HRTEM, but was performed from
the Rietveld analyses of the XRD patterns. It is note-
worthy that, according to XRD results, in Co milled
for 20 h subsequently subjected to HPT, <D>

H
 is of

the order of 7 nm, which is only slightly smaller
than the values observed by HRTEM. The small dis-
crepancies could arise from the disordered charac-
ter of the grain boundaries, which could decrease
the coherence length and thus the crystallite size,
as determined by XRD.

The milling time dependence of the microstrains
in the hcp phase, <ε2>1/2

H
, is shown in the inset of

Fig. 3.5. It is found that microstrains in the hcp
phase increase slightly after subjecting as-milled
powders to HPT. Hence, our results indicate that,
although both <D>

H
 and 

 
<ε2>1/2

H
 tend to level off

after long-term milling, further structural refinement
can be achieved by the application of the HPT pro-
cess.

The dependencies of stacking fault probabilities
for the hcp phase, before and after HPT are shown
in Figs. 3.6a and 3.6b. According to Warren�s de-
scription of stacking faults, two types of faults can
be distinguished [56], i.e. deformation fault and twin
faults, whose probabilities are denoted in Fig. 3.6
as α

H
 and β

H
, respectively. These faults bring about

different alterations of the stacking sequence of
compacted atomic planes. In undistorted hcp the
stacking sequence can be represented by
�ABABABAB� (where A and B designate com-
pacted atomic planes along the {001}

H
 direction). A

deformation fault in hcp originates from dissocia-
tion into Shockley partial dislocations of basal slip
along the close-packed <110>

H
 directions, leading

to the �ABABCACA� sequence. A twin fault oc-
curs as a result of formation of twin boundaries and
the generated sequence is �ABABCBCB� Both
faults bring about the formation of local fcc packing,
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Fig. 3.4. HRTEM image of a thinned Co foil pre-
pared by ball milling Co powders during 20 h and
consolidation by HPT. Fig. 3.5. Milling time dependencies of the hcp crys-

tallite size for as-milled (pre-compacted) Co pow-
ders (-∆-) and powders ball milled (BM) and con-
solidated by HPT (-n-). In the inset, milling time
dependencies of the microstrains in the hcp phase.
Note that the lines are guides to the eye.

Fig. 3.6. Milling time dependencies of (a) the twin
fault probability (for the hcp phase), β

H
 , and (b) the

deformation fault probability, α
H
, in as-milled pow-

ders (-∆-) and powders ball milled (BM) and subse-
quently consolidated by HPT (-n-). The lines are
guides to the eye.

as indicated by the bold letters. As can be seen in
Fig. 3.6, the amounts of stacking faults increase
with milling time. However, while for BM alone twin
faults are predominant, after BM+HPT deformation
faults prevail.

Finally, the Vickers microhardness, H
V
, is plot-

ted in Fig. 3.7 as a function of the inverse of the
square root of the crystallite size in the hcp phase
(i.e. the predominant phase), (<D>

H
)-1/2. As shown in

the figure, the increase of microstrains with (<D>
H
)-1/2

is non-monotonic and a change of slope is evident
for intermediate crystallite sizes (<D>

H
 ≈ 6 nm).

As is shown in Fig. 3.3, long-term ball milling
favors the formation of fcc-Co, whereas HPT favors
hcp-Co. The Co allotropic phase transformations
occurring during BM have been studied in certain
detail recently [48,57-60]. In particular, it has been
found that a mechanism of accumulation and coa-
lescence of twin faults in the hcp phase governs the
formation of fcc-Co after long-term milling. The mill-
ing intensity (i.e. vial frequency or ball-to-powder
weight ratio) can be adjusted to tune the evolution
of the phase change [48,60]. In addition, the trans-
formation from the metastable high-temperature fcc
phase to the low-temperature hcp phase by means
of application of moderate pressures has been al-
ready reported and has been found to be related to
stacking fault activity [61]. Nevertheless, when Co
is subjected to extremely large pressures the hcp
phase tends to transform to fcc again [62]. How-
ever, this occurs for pressures of the order of 100
GPa, much larger than the ones applied in the
present work. In particular, the transformation from
fcc to hcp-Co, induced by either cooling through T

t
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or by cold-work (i.e. external pressure), is commonly
assumed to occur by the passage of 1/6 <11-2>
Shockley partial dislocations on alternate {111}

C

planes [63,64]. It is noteworthy that, although the
small percentage of fcc-Co retained after HPT makes
it impossible to estimate the fault probabilities in
this phase, an increase of deformation fault prob-
ability in fcc-Co, α

C
, has been observed during short-

term milling (from α
C
 ~ 0 in unmilled Co to α

C
 = 0.05

after milling for 0.5 h), and has been related to the
form ation of Shockley partial dislocations and the
subsequent transformation of fcc into hcp-Co dur-
ing the first stages of the milling process [59].

As can be seen in Fig. 3.6 fractions of both types
of faults in hcp-Co, deformation and twin, increase
with milling time. However, in as-milled powders,
twin faults prevail over deformation faults, especially
after long-term milling. This is mainly due to the
randomness of the shock loads acting during the
milling process, together with the limited number of
slip systems in hcp materials [65]. Conversely, af-
ter application of HPT, large amounts of deforma-
tion faults are created at the expense of twin faults,
which is in agreement with the partial Shockley dis-
locations driven transformation of fcc into hcp-Co
by cold work [63,64].

A constitutive description of the onset of twin-
ning in hcp metals has been reported recently by
Meyers et al. [66]. In particular, it has been theo-
retically shown that both the critical stress for twin-
ning and the yield stress for slip depend on the crys-
tallite size. However, the stress required to gener-
ate twinning increases more rapidly than the yield
stress for slip as crystallite size is reduced. More-
over, it has been found experimentally that in 70/30
brass, Ni-Co based alloys or Cu the density of
microtwins for small crystallite sizes is significantly
lower than for larger crystallite sizes [67,68]. Hence,
it could be argued that during HPT, since the crys-
tallite size is drastically reduced, the stress required
to generate twinning increases so much that twin-
ning becomes, in fact, unfavorable, compared to slip,
hence leading to an increase in α

H
 at the expense

of β
H
. Moreover, a disappearance of multi-twins has

also been reported in Au nanoparticles as their size
becomes extremely small [69], which has been in-
terpreted in terms of atomic rearrangement along
certain preferential crystallographic directions. Fur-
thermore, it has also been reported that, in hcp-Co
crystals, for certain values of shear stresses ap-
plied along the c-axis it is energetically favorable
that partial annihilation of twins develops, due to
the large stress-induced bending of the basal planes

Fig. 3.7. Dependence of the Vickers microhardness,
H

V
, on the inverse square root of the hcp crystallite

size, <D>
H

-1/2, measured on foils prepared by BM +
HPT. The line is a guide to the eye. Note that the
Hall-Petch relationship (i.e. linear variation of H

V
 on

<D>
H

-1/2) is not exactly fulfilled.

[70]. In our case, since as-milled Co powders are
polycrystalline it is reasonable to assume that, dur-
ing HPT, a fraction of crystallites are oriented in such
a way that partial annihilation of twins can actually
occur, thus leading to the observed decrease of α

H
.

Furthermore, some models also argue that pre-
existing twin or grain boundaries can provide, in a
regenerative manner, Shockley partial dislocations
which would induce the change in stacking se-
quence required to drive the fcc to hcp transforma-
tion during HPT [71,72]. Nevertheless, it should be
noted that in order for the transformation to be com-
plete, a non-random arrangement of deformation
faults should occur, preferably at two-layer separa-
tion. Since the Co microstructure is already heavily
and randomly faulted after long-term milling, it is
unlikely that HPT can completely rearrange stack-
ing faults to drive a full transformation from fcc to
hcp Co. Hence, the resultant hcp phase contains
large amounts of deformation-type stacking faults
and some fcc-Co still persists after HPT, especially
when HPT is applied to long-term milled powders.

As it is observed in Fig. 3.7, high values of H
V
,

up to 7.35 GPa, are obtained after subjecting long-
term milled powders to HPT. This value is much
larger than the microhardness reported in Co films
deposited onto Cu substrates [73], larger than the
ones in several Co-based alloys [73,74] and about
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80% of H
V
 of Co/WC cermet nanocomposites, which

are being widely used in wear resistance applica-
tions [75]. Usually, in single-phase polycrystalline
materials, a linear variation of H

V
 on (<D>

H
)-1/2 is

expected, leading to the so-called Hall-Petch rela-
tionship [65]. This relationship originates from con-
sidering the role of grain boundaries as barriers for
dislocation motion. Typically, the yield stress nec-
essary for slip becomes larger as the crystallite size
reduces and, hence, H

V
 increases. Nevertheless,

as can be seen in Fig. 3.7, in Co subjected to BM +
HPT, the dependence of H

V
 on <D>

H
-1/2 is not ex-

actly linear. More accurately, the rate of increase of
H

V
 is very high for large crystallite sizes (i.e. short-

term milling) and it becomes lower as milling time is
further increased. Actually, in extremely fine-grained
materials a certain softening is sometimes observed
due to the impossibility to form pileups of disloca-
tions when the crystallites become exceedingly
small [76]. In fact, it has been suggested recently
that for nanocrystalline materials, the Hall-Petch
model may not be fully operative and other mecha-
nisms, such as Coble creep or grain boundary diffu-
sional creep, would better govern the dependence
of microhardness on the crystallite size [77]. More-
over, in addition to grain boundary strengthening,
other hardening mechanisms may also be simulta-
neously acting during plastic deformation of Co par-
ticles. For instance, twin boundaries can be thought
to subdivide the grains and therefore increase the
barriers for slip. Actually, twin boundaries are a par-
ticular case of grain boundaries with a low index of
coincidence. The idea of whether twins can play a
similar role as grain boundaries during work harden-
ing of metals with low stacking fault energy (such
as Co) was originally suggested by Remy [78] and
has been recently studied from both theoretical [79]
and experimental [80] points of view. In particular, it
has been shown that the increase of the twin vol-
ume fraction leads to a decrease in the dislocation
mobility [79,80]. However, in polycrystals where both
grain and twin boundaries coexist, grain boundaries
still constitute stronger barriers for dislocation mo-
tion than twin boundaries. This is because disloca-
tions can dissociate and penetrate relatively easily
into the twinned region, whereas at grain boundaries
a significant pile-up of dislocations is required be-
fore slip in successive neighboring grains can occur
[80]. As has been shown in Fig. 3.6b the twin fault
probability in HPT foils increases steeply for short
milling times and tends to level off for longer milling
times. This may explain why H

v
 increases at an

anomalous high rate for short-term milling (i.e. low
<D>

H
-1/2 values).

In conclusion, a correlation between microstruc-
ture and mechanical properties (i.e. microhardness)
of Co foils prepared by ball milling and subsequent
high pressure torsion has been presented. The crys-
tallite size is found to be significantly reduced after
HPT, much further than by subjecting Co powders
to a long-term milling process alone. Simulta-
neously, large amounts of stacking faults, especially
deformation faults, are created during HPT. This is
in contrast with BM, where the twin fault probability
is significantly larger than the deformation fault prob-
ability. Possible mechanisms to explain these dif-
ferences in the fault behavior have been discussed.
Furthermore, besides the large amount of structural
defects, a two-phase mixture (i.e. hcp + fcc) devel-
ops during long-term milling and still persists after
HPT. All these structural features seem to have an
influence on the microhardness, which becomes
very large after long-term milling + HPT (i.e. H

V
 >

7.3 MPa). It has been shown that the dependence
of H

V
 on the crystallite size of the predominant phase

(i.e. hcp) does not strictly follow the Hall-Petch re-
lationship. Hence, although the crystallite size re-
finement is probably the main factor governing the
increase of H

V
, other structural features, such as

the stacking fault accumulation and the associated
hcp-fcc transformation, are also likely to contribute
to H

V
.

3.2. Cold-consolidation of ball-milled
Fe-based amorphous ribbons

Amorphous alloys are attaining widespread appli-
cations as soft ferromagnets (in transformers, mo-
tors or as high-frequency switching power supplies)
and as high strength and high corrosion resistance
materials [81]. However, before 1990, the shapes of
these alloys were limited mainly to wires, thin films,
powders or ribbons. Moreover, the preparation of
sheets with thickness over 100 mm is generally very
difficult due to the high cooling rates required for
glass formation. In particular, Fe-based amorphous
alloys with good soft magnetic properties were first
synthesized in the early 70�s [82,83]. During the
last two decades, several multi-component glassy
alloys with a wide supercooled liquid region have
been also prepared [84-87] from which, due to their
high resistance against crystallization, bulk glassy
samples can be obtained by using conventional mold
casting methods [88,89]. However, the majority of
these alloys are not ferromagnetic. Nevertheless, it
has been recently found that the Fe-Al-P-C-B-Ga
system exhibits, simultaneously, good soft mag-
netic properties at room temperature and an ex-
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Fig. 3.8. Scanning electron microscopy images of (a) flaky powders after ball milling of the
Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 ribbons and (b) a portion of a disk obtained by HPT of the as-milled powders.

tended supercooled liquid region [90]. The addition
of Si further enhances its glass forming ability [91].

It is noteworthy that in order to obtain bulk me-
tallic glasses one standard procedure is to consoli-
date amorphous powders in the supercooled liquid
region (i.e. between the glass transition tempera-
ture, Tg, and the temperature corresponding to the
onset of crystallization, Tx). This is carried out by
powder metallurgy techniques (e.g., hot pressing
or warm extrusion). At this temperature range, the
viscous flow allows the formation of the bulk metal-
lic glass without crystallization [92,93]. However,
this procedure is not always appropriate because
these techniques require the powder to be held at
elevated temperatures for relatively long times, hence
leading, in many cases, to a loss of some meta-
stable properties. Moreover, the hot-compaction is
limited to those alloy compositions which exhibit
large supercooled liquid regions.

In our work a different approach is considered.
Amorphous ribbons with the nominal composition
Fe77Al2.14Ga0.86P8.4C5B4Si2.6 have been short-term
ball-milled and subsequently consolidated by high
pressure torsion. This technique is commonly used
to refine the crystallite size in crystalline materials
[4,50,94], to tune phase transformations [95] or to
obtain novel and unique properties, such as high
strength and wear resistance or high strain-rate su-
perplasticity [8]. High pressure torsion can be con-
sidered as a cold consolidation technique because
the consolidation of the powders is carried out with-
out external heating and the temperature basically
does not increase during the torsion process. In our
case, the disks obtained after HPT partially preserve
the amorphous nature of the ribbons and exhibit
enhanced Curie temperature and microhardness.

A multi-component prealloy with nominal com-
position Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 was prepared by

induction melting of a mixture of Fe, Al, Si metals
and Fe-C, Fe-B, Fe-P and Fe-Ga (purity 99.9%)
precursors. From this prealloy, rapidly quenched rib-
bons with cross-section of about 0.02×10 mm2 were
prepared by single roller melt spinning. Some parts
of the ribbons were subsequently cut into small
pieces and ball milled for 10 h, under argon atmo-
sphere, in a planetary mill using agate vials and
balls. The as-milled powders were sieved and those
with sizes less than 300 µm were subsequently
consolidated by means of a HPT process, using a
modified Bridgman anvil type device [51]. Several
disks, of approximately 9 mm in diameter and 0.3
mm in thickness were prepared by subjecting the
powders to five whole-turn torsion under an applied
pressure of 6 GPa.

The melt-spun ribbons and the foils prepared by
HPT were examined by X-ray diffraction using Cu-
Kα radiation. Moreover, the samples were microscopi-
cally investigated using a JEOL JSM-6300 scan-
ning electron microscope (SEM) and a Philips CM20
transmission electron microscope (TEM), operated
at 200 keV. For TEM observations, the disks were
cut into thin slices and some parts (i.e., those cor-
responding to the disk edges) were dimpled and ion
milled using a Gatan Precision Ion Polishing Sys-
tem (PIPS).

The thermal stability was studied by DSC using
a Perkin-Elmer calorimeter and a heating rate dT/dt
= 20 K/min. The Curie temperatures were evaluated
by means of a thermomagnetic gravimeter (TMG),
where the magnetic weights of the ribbon and the
disks were measured during heating, at a rate dT/
dt = 20 K/min, from T = 300K to T = 1100K, apply-
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Fig. 3.9. X-ray diffraction patterns of the
Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 ribbon and disk prepared

by HPT.

Fig. 3.10. Bright-field electron microscopy images and corresponding selected-area electron diffraction
patterns of the Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 ribbon (a) and disk prepared by HPT (b).

ing a magnetic field H = 9500 A/m. The coercivities
of the ribbons and the disks were measured by
means of a Foerster coercivemeter. Finally, the
Vickers microhardness, H

V
, was evaluated by means

of a MHT-10 indenter attached on a Zeiss Axioplan
optical microscope. Sufficient hardness measure-
ments were carried out to ensure standard devia-
tions below 5%.

Note that, in the disks, all these properties were
essentially measured at their edges, where the HPT
process is more effective in obtaining bulk speci-
mens of compacted powders.

Fig. 3.8 shows the SEM images of (a) the powders
obtained after ball-milling the Fe77Al2.14Ga0.86P8.4C5B4Si2.6

ribbons and (b) an overall view of the outer morphol-
ogy of the compacts produced by consolidation of
the as-milled powders by HPT.

It can be seen that the as-milled powders ex-
hibit flaky shapes and lateral sizes of a few hundred
micrometers. This is the typical morphology of rib-
bons subjected to a ball milling process [96]. After
consolidation by HPT, the powders become well sol-
dered together and the disks are almost fully dense,
hence exhibiting a bulk character. Actually, two dif-
ferent parts can be well distinguished in the disks:
the central region, in which some traces of the as-
milled particles are still visible at the surface of the
disks, and the edge, which exhibits better homoge-
neity due to the more effective radial shear flow act-
ing during torsion straining (see Fig. 3.8b).

Fig. 3.9 shows the XRD patterns of the ribbon
and the edge of the disk prepared by HPT. Both of
them consist of broad halos without any sharp dif-
fraction peaks, indicating that no massive crystalli-
zation occurred either during ball milling or during
HPT.

The bright field TEM images and the correspond-
ing selected-area electron diffraction (SAED) pat-
terns of both a part of the ribbon and a portion of the
disk edge are shown in Figs. 3.10a and 3.10b, re-
spectively. The amorphous nature of the ribbon is
clearly evidenced by the featureless contrast of the
bright field image and the existence of halo rings in
the corresponding SAED pattern. However, the TEM
image of the disk reveals that, although no crystal-
line peaks were observed by XRD, a few dispersed
nanocrystallites (with sizes generally less than 5
nm) are formed during ball milling and subsequent
HPT. The corresponding SAED pattern shows the
presence of some rings besides the amorphous
halos. These rings, typical of polycrystalline mate-
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rials, have been identified to correspond to the tet-
ragonal Fe

2
B phase.

One cannot completely disregard the possibility
that some α-Fe nanocrystals could also be present
since, in this case, the main crystalline rings would
appear exactly at the same radius as the amor-
phous rings. Moreover, due to the discontinuity of
the crystalline rings, some texture can be inferred
in the nanocrystals nucleated during HPT. It is worth
mentioning that, as can be seen in Fig. 3.10b, all
these crystallites are immersed in a majority amor-
phous matrix. The formation of dispersed crystal-
lites could be a consequence of the significant
changes that HPT is likely to impose on the short-
range order of the amorphous alloy.

Fig. 3.11 shows the DSC curves of the
Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 ribbon and the disk pre-

pared by HPT. The crystallization behavior is differ-
ent in both cases (both the shape of all the peaks
and the position of one of them vary), suggesting
that changes in both the topological and chemical
short-range order of the alloy may have occurred
during the HPT process. Moreover, the overall crys-
tallization enthalpy in case of the disks is lower than
for the ribbons (i.e. ∆H = 138 J/g for the ribbons
whereas ∆H = 90 J/g for the disks), indicating that
the disks are already partially nanocrystalline, as
has been observed by TEM. It should be also noted
that the supercooled liquid region of the ribbons (∆T
= T

x
 � T

g
) is approximately 40K, which is in agree-

ment with the results on samples with similar com-
positions [91].

Fig. 3.11. Continuous heating DSC curves (heating
rate dT/dt = 20 K/min) of the ribbon and HPT disk
(Tg and Tx are the glass transition temperature and
the temperature of crystallization of the ribbons,
respectively).

Fig. 3.12 shows the TMG curves of the ribbon
(before and after ball milling) and the edge of the
disk. The disks obtained by HPT exhibit a slightly
higher Curie temperature (i.e., T

C
 = 620K) than the

unmilled ribbons (i.e., T
C
 = 600K). The T

C
 enhance-

ment is likely to originate from irreversible changes
in the chemical short-range order occurring during
ball milling and HPT processes, since T

C
 is directly

related to the exchange energy between magnetic
atoms [97,98]. Moreover, the magnetic weight of the
unmilled ribbon virtually vanishes at T ~ 620K,
whereas that of the disk levels off at a finite value
and starts to increase progressively for T > 620K.
The fact that the magnetic weight does not vanish
for the disk is a consequence of the existence of
the Fe

2
B (and maybe also α-Fe) nanocrystals in

the as-prepared disks, since both phases are ferro-
magnetic at room temperature. The progressive in-
crease in the magnetic weight that occurs in the
disk for T > 620K is probably due to the growth of
the Fe

2
B (and maybe α-Fe) crystallites nucleated

during the HPT process. In addition, the TMG curves
in Fig. 3.12 show a sudden increase in the mag-
netic weight at about T = 790K.

This can be attributed to the crystallization of a
mixture of other ferromagnetic phases (such as α-
Fe or Fe

3
B), as has been indeed observed by XRD

[99]. Finally, the magnetic weight becomes zero for
high enough temperatures. Note that the Curie tem-
peratures of Fe

2
B and α-Fe (T

C
 of Fe

2
B = 1015K, T

C

of α-Fe = 1043K) are somewhat larger than the tem-
perature at which the magnetic weight vanishes in
the disk (T = 980K). This reduction in Curie tem-
peratures can be due to the small sizes of the crys-
tallites and the concomitant increase of thermally-
induced magnetic fluctuations (i.e., finite size ef-
fects) [100].

Moreover, the saturation magnetization of the
disks is found to be similar to that of the ribbons
(M

S
 ~ 150 emu/g in both cases), while the coerciv-

ity, H
C
, increases significantly for the as-prepared

disks (H
C
 = 188 A/m at the disk edge) with respect

to the ribbons (H
C
 = 3 A/m). The increase in H

C
 is

probably due to the structural inhomogeneities (e.g.
irregularities in the surface of the particles) induced
by ball milling and subsequent HPT, which hinder
the magnetic domain wall propagation, although
some effects due to oxygen contamination cannot
be completely excluded as being partially respon-
sible for the H

C
 increase [101]. However, it should

be noted that after short-term annealing (600 s at T
= 700K), the disks relax and recover low values of
coercivity (H

C
 = 25 A/m at the disk edge), hence

Tg
Tx
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Fig.3.12. TMG curves of the rapidly solidified (RS)
ribbon, the ball milled (BM) ribbon and the edge of
the disk prepared by HPT. The inset shows the hys-
teresis loop of the disk edge.

maintaining reasonable soft magnetic properties. A
typical hysteresis loop of the disk edge is shown in
inset of Fig. 3.12.

The microhardness of the disks is also larger
than for the ribbons. Namely, H

V
 = 6.7 GPa for the

ribbons, while H
V
 = 7.7 GPa at the disks center and

values as high as 8.1 GPa are obtained when mea-
suring at 1 mm from the disk edge. The enhance-
ment of H

V
 can be due to the large amount of

microstrain and the small crystallite size usually
achieved during a HPT process, which typically re-
sult in enhanced mechanical properties [24,95].
However, the high diffusion rate accompanying high
pressure torsion is also likely to reduce the free
volume of the system, thus diminishing the self-dif-
fusion in the amorphous phase and, as a conse-
quence, the microhardness would also increase
[102]. In addition, the flaky shape of the particles is
known to be very effective in order to get a highly
dense packing of the powders, avoiding the pres-
ence of oxides at the particles surface, which would
probably have a detrimental effect on the mechani-
cal properties [96]. Finally, it is also possible that
the composite-like microstructure observed at the
disk edges (i.e., nanocrystals embedded in an amor-
phous matrix) could be favorable to enhance
microhardness [94,103].

Summarizing these results one can see that
partially glassy disks of approximately 9 mm in di-
ameter and 0.3 mm in thickness can be prepared
by cold-compaction using high pressure torsion of

ball-milled Fe
77

Al
2.14

Ga
0.86

P
8.4

C
5
B

4
Si

2.6
 amorphous rib-

bons. The torsion straining process presumably in-
duces significant changes in the short-range order
(both chemical and topological) of the multicompo-
nent alloy, which result in the formation of dispersed
nanocrystallites inside the amorphous matrix and a
reduction in the overall crystallization enthalpy. The
disks exhibit enhanced Curie temperature and
microhardness with respect to the ribbons. This cold-
compaction technique proves itself to be appropri-
ate for the fabrication of thin bulk partially amor-
phous disks and it is particularly appealing for the
consolidation of amorphous alloys with reduced
supercooled liquid region.

4. THE MICROSTRUCTURAL
CHARACTERISTICS OF
ULTRAFINE-GRAINED METALS

4.1. Dislocation density and
microstructure of UFG nickel by
high-resolution X-ray and TEM

Several authors have made TEM investigations on
the microstructure of Ni samples processed by SPD
including ECAP [104,105], HPT [106] and by elec-
trodeposition [107-109]. In recent reports it was
noted that the microstructure after ECAP shows
arrays of reasonably equiaxed grains but the grain
boundaries are irregularly arranged and poorly de-
fined suggesting a high-energy non-equilibrium con-
figuration with large internal stresses. HPT strain-
ing [106] can produce an ultrafine-grained (UFG)
microstructure that may not be fully homogeneous
across the sample cross-section. It was concluded
that in order to obtain samples with the desired ho-
mogeneous UFG microstructure they have to be pro-
cessed at applied pressure values higher than 6 GPa
and with more than five whole revolutions. It was
reported that electrodeposition can lead to more ex-
tensive refinement of Ni with nanocrystalline micro-
structure of 20-40 nm.

The highly strained microstructure of SPD ma-
terials can only be characterized locally by trans-
mission electron microscopy. In this sense high
resolution X-ray diffraction has the advantage of pro-
viding information on the mean grain size and a func-
tion of grain size distribution, internal microstrains
and related dislocation densities [110,111]. It is es-
pecially useful in the case of UFG metals and al-
loys produced by SPD where the measurement of
the very high dislocation densities (1015-1016 m-2) is
complicated by TEM. The complete characteriza-
tion of the microstructure can be achieved by si-
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multaneous application of X-ray diffraction and TEM.
This paper reports new results on the measurement
of crystallite size and size distribution and the dis-
location density in SPD processed pure nickel by
means of high-resolution X-ray diffraction. The de-
formation was carried out by ECAP, HPT, cold roll-
ing (CD) and their combination. An additional speci-
men was produced by electrodeposition. The results
of the X-ray diffraction peak profile analysis are com-
pared with TEM analysis and discussed in terms of
correlations and discrepancies.

High purity nickel (99.99%) was deformed by
different methods of SPD, i.e. equal channel angu-
lar pressing, cold rolling (CR), high-pressure torsion
and their combinations. The principles of severe plas-
tic deformation by ECAP and HPT have been docu-
mented in several papers [27,104-106]. Nickel cyl-
inders having diameters of 16 mm and lengths of
~100 mm were subjected to ECAP at room tem-
perature using a die with an internal angle of 90°.
Samples were pressed repetitively for 8 passes,
equivalent to a total strain of ~8, and each sample
was reversed from end to end and rotated by 90°
about the longitudinal axis between passes. Earlier
experiments showed this procedure produces an
as-pressed mean grain size of ~0.35 µm [105]. For
processing by HPT, disks with diameters of 10 mm
and thickness of ~0.3 mm were torsionally strained
under a high pressure of 6 GPa for a total of 5 com-
plete revolutions, equivalent to a true logarithmic
strain of ~6. This procedure produces a mean grain
size of ~0.17 µm [106]. Three additional samples
were prepared by combination of different methods:

(i) ECAP and cold rolling (denoted as ECAP+CR);
(ii) ECAP and HPT (denoted as ECAP+HPT); (iii)
the combination of three deformation modes (de-
noted as ECAP+CR+HPT). Cold rolling of ECAP
specimens was performed at room temperature with
total reduction in the thickness from 1.7 to 0.25 mm,
equivalent to a reduction of ~85%. Fig. 4.1 shows
schematically all processing routes. In addition, a
sample of electrodeposited nanocrystalline nickel
with a grain size of ~35 nm was also included for
comparison with the deformed specimens. The mi-
crostructure of the samples was examined using
high-resolution X-ray diffraction.

The diffraction profiles were measured by a spe-
cial high resolution double-crystal diffractometer with
negligible instrument-induced broadening [112,113].
The Nonius FR591 rotating copper anode (λ=0.15406
nm) was operated at 40 kV and 70 mA. The Kα2

peak of the Cu radiation was eliminated by a 0.16
mm slit placed between the source and the sym-
metrically cut 220 Ge monochromator. The profiles
were recorded by a linear position sensitive gas-
flow detector (OED 50 Braun, Munich). Selected
samples were examined by transmission electron
microscopy (TEM) using a JEM-100B electron mi-
croscope.

A numerical procedure has been worked out for
fitting the Fourier transform of the experimental pro-
files by the product of the theoretical functions of
the size and the distortion (strain) Fourier transforms
(Multiple Whole Profile fitting � MWP) [110,111]. The
theoretical functions were calculated from a micro-
structural model with the following assumptions: (i)

Fig. 4.1. Schematic representation of ultrafine-grained nickel processing.
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Fig. 4.2. The measured (open circles) and the fitted
(solid line) Fourier coefficients as a function of L for
the ECAP nickel sample. The differences between
the measured and fitted values also shown at the
bottom of the figure at the same scale.

the crystallites are spheres and have log-normal
crystallite size distribution; (ii) the lattice distortions
are caused by dislocations. From the median, m,
and the variance, s, of the size distribution the area-
and the volume-weighted mean crystallite size val-
ues can be obtained [110]. Since the area-weighted
mean grain size was determined from TEM micro-
graphs, the same weighted mean crystallite size is
calculated from the results of X-ray diffraction pro-
file analysis. The area-weighted mean crystallite size
was determined from m and σ using the following
equation:

< > =d m
AREA

exp( . ).2 5σ  (4.1)

The distortion (or strain) Fourier coefficients of a peak
profile, AD, in a dislocated crystal can be given as
[114]:

A BL f g C
D = −exp( ( ) ) ,ρ η2 2  (4.2)

where B=πb2/2, b is the absolute value of the
Burgers vector of the dislocation, ρ is the disloca-
tion density, L is the Fourier length defined as L =
na

3
, where a

3
 = λ/2(sinθ

2
 � sinθ

l
), n are integers start-

ing from zero, η=L/R
e
, R

e
 is the effective outer cut-

off radius of dislocations, g is the absolute value of
the diffraction vector, C  is the average dislocation
contrast factor and f(η) is a function derived explic-
itly by Wilkens (see Eqs. A.6 to A.8 in Ref. [114]
and Eqs. (22) and (23) in Ref. [110]). Instead of R

e
,

it is more appropriate to use the parameter M=R
e
·

ρ1/2 defined by Wilkens as the dislocation arrange-
ment parameter [112]. In an untextured cubic poly-

crystalline specimen the values of C  can be ex-
pressed as a function of the indices of reflections,
hkl [115]:
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where C h00
 is the average dislocation contrast fac-

tor for the h00 reflections and q is a parameter de-
pending on the elastic constants of the crystal and
on the character of dislocations (e.g. edge or screw
type).

The MWP method has the following steps:
· the Fourier coefficients of the measured physi-

cal profiles are calculated by a non-equidistant
sampling Fourier transformation;

· the Fourier coefficients of the size and strain pro-
files were calculated;

· the experimental and the calculated Fourier co-
efficients are compared by the least squares
method.

The procedure has five fitting parameters for cubic
crystals: the median, m and the variance, σ, of the
log-normal size distribution function, the dislocation
density, ρ, the dislocation arrangement parameter,
M, and q for the average dislocation contrast fac-
tors. The values of q have been calculated for nickel
assuming the most common dislocation slip sys-
tem <110>{111}. For pure screw or pure edge dislo-
cations the numerically calculated values of q are
2.24 or 1.42, respectively [116]. Consequently, the
value of q gives the edge or screw character of dis-
locations. The dimensionless parameter, M=R

e
·ρ1/2

defined as the dislocation arrangement parameter
gives the strength of the dipole character of disloca-
tions: the higher the value of M, the weaker the di-
pole character and the screening of the displace-
ment fields of dislocations. Further details of the
fitting procedure are given elsewhere [110,111].

The procedure of X-ray peak profile fitting was
carried out for all specimens study here. Fig. 4.2
represents an example of the fitting for nickel pro-
duced by ECAP. The figure shows the experimen-
tally determined Fourier transforms (open circles)
and the best fitted theoretical curves (solid lines).
The differences between the measured and fitted
values are also shown in the lower part of the figure.
The scaling of the differences is the same as in the
main part of the figure. The indices of the reflections
are also indicated. As the result of the fitting the
microstructural parameters are determined and
listed in Table 4.1.

Fig. 4.3 shows the crystallite size distribution
for three different processing methods: ECAP, HPT
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Table 4.1. Microstructural parameters for the nickel samples processed by different methods.

Nickel m, σ <d>
area

d
TEM

〈ε2〉1/2,     q M r, 1014 m-2

samples nm nm nm 10-3 X-ray DSC

ECAP 29±2 0.60±0.05 71±5 350 2.5±0.3 1.84±0.06 3.7±0.4 9±1 0.4

ECAP+CR 25±2 0.41±0.05 38±4 300 2.6±0.3 2.18±0.06 1.5±0.3 11±1 0.6

HPT 26±2 0.44±0.04 42±4 170 3.1±0.3 2.16±0.05 1.5±0.4 17±2 0.7

ECAP+HPT 24±2 0.53±0.05 48±4 140 3.7±0.4 1.64±0.06 1.5±0.2 25±2 1.9

ECAP+CR

+HPT 15±1 0.67±0.06 46±3 100 3.5±0.4 1.61±0.05 2.3±0.3 20±2 2.1

Electro-dep. 6±1 0.76±0.06 24±3 35 7.0±0.5 1.66±0.07 4.1±0.4 82±4 6

and electrodeposition. One can see from Fig. 4.3
and Table 4.1 that HPT results in higher dislocation
densities and lower mean crystallite size values
during deformation than ECAP. At the same time
the HPT process leads to narrower distributions of
crystallite size comparied to ECAP. The method of
electrodeposition gives smaller crystallite size and
a higher dislocation density than any of the SPD
methods. On the other hand, the electrodeposited
nickel has the widest crystallite size distribution
among all the materials studied here.

The method of high resolution X-ray diffraction
allows making some conclusions about the type of
dislocations prevailing in the present samples. The
ECAP nickel has a mixed type of dislocation since
q=1.84 that is equal to the average q values for pure
screw (q=2.24) and edge (q=1.42) dislocations. On
the contrary the HPT samples show a tendency to

have dislocations of more screw character (q=2.16).
This can be interpreted in terms of the rotational
mode of deformation. The character of dislocations
in the electrodeposited material is more edge
(q=1.66).

Fig. 4.4 represents the grain size distributions
for the nickel samples which were subjected to sub-
sequent deformation process after ECAP to increase
the total strain: ECAP, ECAP+CR, ECAP+HPT and
ECAP+CR+HPT. It can be seen from Fig. 4.4 and
Table 4.1 that any of the second steps of subse-
quent deformation after ECAP results in a reduc-
tion in the crystallite size. Applying three deforma-
tion method after each other (ECAP+CR+HPT), fur-
ther crystallite size refinement is achieved, and the
size distribution is broadened compared to the two-
step deformed samples. It can be established that
the density and the dipole character of the disloca-
tion structure increases by applying additional de-
formation after ECAP. The increase in the disloca-
tion density is higher for ECAP+HPT than for
ECAP+CR. The combination of ECAP+CR+HPT
does not result in higher dislocation density com-
pared to ECAP+HPT, and at the same time, the
incorporation of cold-rolling between ECAP and HPT
gives broader crystallite size distribution with lower
mean size (see Table 4.1). It has been found that
the smallest crystallite size and the highest dislo-
cation density are obtained by electrodeposition.
No definite conclusion can be made on the edge or
screw character of dislocation ensembles formed
during two- or three-step processing.

The dislocation density of ECAP and HPT
samples of nickel is in the same order of magnitude
reported by other authors. The values of dislocation
density for all nickel samples are about one order of
magnitude higher than the dislocation density evalu-
ated for the same material in [117] from differential

Fig. 4.3. The crystallite size distributions for nickel
samples obtained by three different methods: (a)
electrodeposition; (b) high-pressure torsion; (c) equal
channel angular pressing.



65Fundamentals of interface phenomena in advanced bulk nanoscale materials

Fig. 4.4. The crystallite size distributions for nickel
samples obtained by combination of different
methods.

scanning calorimetry (DSC) experiments. The dif-
ference can be attributed to the simple model em-
ployed in the evaluation of stored elastic energy,
which has not taken into account the character of
dislocations and their arrangement.

The root mean square strain due to the disloca-
tion structure was determined for the 400 reflection
at the value of L=0.5 nm using the following equa-
tion [112]

< >≈
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I
Kε

ρ

πg L

e
Cb R

L
,

ln .2

2

4
 (4.4)

In this calculation the values of ρ and R
e
 obtained

from the MWP fitting procedure were used. The root
mean square strain values are listed in Table 4.1
and they correlate well with the values of the dislo-
cation density.

Fig. 4.5 shows TEM micrographs for UFG nickel
specimens produced by (a) ECAP, (b) ECAP+CR,
(c) HPT, (d) ECAP+HPT, (e) ECAP+CR+HPT and
(f) electrodeposition. An examination of the TEM
pictures in Fig. 4.5 reveals several common features
associated with these samples. All of the SPD pro-
cesses lead to highly non-equilibrium microstruc-
tures with many grain boundaries that are poorly
defined and with grain interiors having complex con-
trast. These observations suggest a high level of
internal stresses and elastic distortions of the crys-
tal lattice. Former TEM studies showed that the
materials processed by SPD techniques may also
possess distinctive inhomogeneities [105,106].

Thus, HPT samples generally exhibit some varia-
tion in the microstructure between the center and
the edge of the disk whereas samples processed

by ECAP have an anisotropy of grain-shape along
the pressing direction.

In the present investigation, the use of a combi-
nation of ECAP and HPT provides an opportunity
for removing some of these undesirable properties
and for strong refinement of the microstructure. Fig.
4.5d shows a TEM micrograph of nickel after
ECAP+HPT processing while Fig. 4.5e demon-
strates the microstructure obtained by combination
of ECAP, cold rolling and HPT. Under these condi-
tions, the microstructure is rather homogeneous with
a mean grain size of ~140 nm for ECAP+HPT and
about 100 nm for ECAP+CR+HPT. In agreement
with the X-ray analysis, the refinement of the micro-
structure during the subsequent SPD process after
ECAP can be seen by comparing Figs. 4.5a, 4.5d,
and 4.5e. It is informative to compare the grain and
the crystallite size values obtained by TEM and X-
ray diffraction, respectively. For the ECAP processed
nickel the mean crystallite size obtained by X-ray
(71 nm) is about five times smaller than the value of
350 nm evaluated by TEM. A similar tendency is
observed for the nickel sample produced by HPT,
but the difference is smaller between the crystallite
size obtained by X-ray diffraction (42 nm) and the
grain size determined by TEM (170 nm). In the nickel
samples produced by a combination of SPD meth-
ods, the mean grain sizes are 48 and 46 nm for the
ECAP+HPT and ECAP+CR+HPT samples, respec-
tively. The evaluation of TEM micrographs for the
same samples gives about 140 and 100 nm, re-
spectively. As has been shown by the X-ray analy-
sis, the three-step-deformation (ECAP+CR+HPT)
resulted in broader size distribution of the crystal-
lites with lower median than ECAP+HPT which can
also be observed by comparing Figs. 4.5d and 4.5e.
For the electrodeposited nickel both X-ray and TEM
evaluations give the smallest crystallite (24 nm) or
grain size (35 nm) values among the materials stud-
ied. It is worth to note that for the electrodeposited
nickel sample the area-weighted mean crystallite
size value is comparable with a mean grain size
obtained from TEM.

The difference between the crystallite size ob-
tained by X-ray and the grain size values determined
by microscopy techniques describes the complex-
ity of the microstructure. For the ECAP deformed
nickel sample, TEM study gives a value of the mean
grain size of about 350 nm [106], orientation imag-
ing microscopy [118] with sensitivity angle θ<2 leads
to a value of about 270 nm while the X-ray analysis
results in an area-weighted crystallite size of 71 nm.
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Fig. 4.5. Microstructure of UFG nickel processed by  (a) � ECAP; (b) � ECAP+CR; (c) � HPT;
(d) � ECAP+HPT;  (e) � ECAP+CR+HPT; (f) � electrodeposited nickel.

Each characteristic size value describes a cer-
tain feature of the microstructure in ECAP nickel:
�d�

TEM
 ~ 350 nm corresponds to the average dis-

tance between high angle grain boundaries, �d�
OIM

 ~
270 nm gives the typical distance between all grain
boundaries with misorientations higher than 2, and
�d�

X-RAY
 ~ 71 nm relates to the average size of the

coherently scattering domains which usually equals
the dislocation cell size in SPD materials.

This conclusion is supported also by comparison
of the ECAP and ECAP+CR samples. Although, the
grain sizes obtained by TEM (350 and 300 nm) are
very close to each other, notable difference can be
found in the crystallite sizes determined by X-ray dif-
fraction (71 and 38 nm). This is a consequence of
the formation of dense tangles of dislocations arranged
in low angle boundaries during cold rolling.
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High-resolution X-ray diffraction and TEM experi-
ments were conducted to determine the microstruc-
ture and dislocation density in ultrafine-grained
materials after processing by ECAP, HPT, cold roll-
ing and their combinations. Additionally to the
nanostructured materials produced by SPD, elec-
trodeposited nickel has been investigated. Assum-
ing that the crystallite size distribution in all samples
obeys a log-normal function and that the strains are
caused by dislocations, the parameters of the crys-
tallite size distribution and the dislocation structure
were calculated by fitting the Fourier transforms of
the experimental X-ray diffraction profiles to physi-
cally well established theoretical functions. The crys-
tallite size values were compared to the grain sizes
determined by TEM. It was found that the additional
deformation after ECAP resulted in further grain re-
finement and an increase of the dislocation density.
However, the electrodeposition has given even finer
microstructure and higher dislocation density than
the materials processed by SPD methods. The crys-
tallite size values are lower than the grain size for
all the specimens, since the former measures the
dislocation cell size in SPD materials. At the same
time for the elctrodeposited nickel the crystallite size
is close to the grain size determined by TEM.

4.2. OIM study of ultrafine-grained
nickel

For many industrial applications, the critical factor
in selecting a material is often the specific strength.
Ultrafine-grained materials, with grain sizes in the
submicrometer or nanometer range, are expected
to have higher strength and toughness than their
coarse-grained counterparts. Accordingly, grain re-
finement is generally achieved by developing appro-
priate thermo-mechanical processing treatments
involving a combination of heat treatments and me-
chanical working. In practice, these treatments have
the disadvantage that they are specific to any se-
lected alloy and new treatments must be developed
for each separate alloy. An alternative possibility is
to attain a UFG structure through the use of a pro-
cessing technique involving the application of se-
vere plastic deformation: examples of SPD process-
ing include equal-channel angular pressing [4,25,27],
high-pressure torsion [4,19,32], accumulative roll-
bonding (ARB) [119-121], friction stir processing
(FSP) [122-124] or combinations of these techniques
such as ARB followed by FSP [125] or ECAP fol-
lowed by HPT [20,117,126]. An important advan-

tage of SPD processing is that the same procedure
may be used to introduce UFG structures into a
wide range of metallic alloys.

There are two important characteristics defining
the UFG structure in metals. First, it is necessary
to measure the mean grain size, the distribution of
grain sizes, the distribution of the grain boundary
misorientations and the texture of the as-processed
material. Second, it is important also to examine
the thermostability of the UFG microstructure since,
if the ultrafine grains are reasonably stable at el-
evated temperatures, there is a potential for achiev-
ing superplastic ductility at both unusually low test-
ing temperatures and exceptionally rapid strain rates
[8]. Despite the fact that an increase in strength is
generally associated with a loss in ductility in test-
ing at ambient and low temperatures, recent ex-
periments demonstrated that SPD processing, when
taken to a sufficiently high strain, is capable of pro-
ducing materials exhibiting extraordinary combina-
tions of both high strength and high ductility [127].
This result was attributed to the unique characteris-
tics of the UFG microstructure produced by SPD
processing including the presence of an exception-
ally high fraction of non-equilibrium grain boundaries
[27].

The two procedures of ECAP and HPT appear
to be the most attractive for developing microstruc-
tures having reasonably homogeneous distributions
of ultrafine and equiaxed grains. In ECAP a bar or
rod is pressed through a die constrained within a
channel bent into an L-shaped configuration [25,128-
130] whereas in HPT a thin disk is subjected to a
high pressure and concurrent torsional straining
[19,32,106].

Although there have been extensive reports docu-
menting the microstructural evolution taking place
during SPD processing in ECAP [17,18] and HPT
[106] and the subsequent stability of the UFG mi-
crostructures in annealing treatments [105,131,132],
relatively little attention has been given either to the
development of texture in SPD processing or to the
nature of the grain boundary misorientation distri-
butions. However, both of these parameters play a
significant role in determining the bulk properties of
the materials [133,134]. Some information has be-
come available recently on the grain boundary
misorientation distributions after ECAP of pure Al
and Al alloys [135-145], ECAP of pure Cu
[144,146,147], ECAP and HPT of pure nickel
[19,118] and ECAP of pure Zr [148].

Although the results on pure Ni are fairly limited
[118], the experimental data suggest that HPT pro-
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duces a microstructure with a higher fraction of high-
angle grain boundaries than ECAP. However, no
systematic investigation has been conducted to date
to examine the development of texture and the con-
comitant evolution of the grain size distribution and
the boundary misorientation statistics when process-
ing by ECAP, by HPT and by a combination of these
two processing procedures. Accordingly, the present
investigation was initiated to provide this information.

Pure nickel was selected as a model material
for use in this investigation and the experiments were
conducted to determine the distribution of grain
sizes, the texture and the characteristics of the grain
boundary misorientation distributions using trans-
mission electron microscopy and orientation imag-
ing microscopy (OIM). In addition, the grain bound-
ary misorientation data were combined with results
obtained using high-resolution X-ray diffractometry
[20] and differential scanning calorimetry [20] to es-
timate the grain boundary surface energy in the
ultrafine-grained pure Ni. The distributions of the
grain sizes, microtexture and the grain boundary
misorientations were determined using OIM. The
experimental data were collected using a Philips
XL-30 FEG scanning electron microscope (SEM)
with a TSL orientation imaging system [118,149].
The mean grain size was estimated for each condi-

tion using a JEOL transmission electron micro-
scope.

The grain size distributions. The value of the mean
grain size represents the key parameter in defining
the nature of the UFG microstructure formed through
SPD processing. In general, the mean grain size is
usually determined from measurements taken us-
ing TEM but these measurements tend to be diffi-
cult because it is well-established, after processing
by both ECAP [150] and HPT [151], that many of
the boundaries in the as-processed material are dif-
fuse in nature or represent transition zones between
highly deformed grains. In addition, the boundary
extinction contours are often very irregular due to
the non-equilibrium character of the boundaries and
the presence of many extrinsic dislocations. Never-
theless, preliminary observations by TEM gave mean
grain sizes in the Ni samples of ~350 nm after ECAP,
~170 nm after HPT and ~140 nm after ECAP+HPT,
respectively.

The lack of a homogeneous and clearly-defined
array of equiaxed grains in many materials after SPD
processing makes it difficult to fully characterize
the UFG microstructure in terms of the distribution
of grain sizes. One possibility is to assume, a priori,
that the distribution follows a log-normal function as
in conventional ball-milling but it is not easy to con-

Fig. 4.6. A color-coded orientation image and a corresponding TEM micrograph of the UFG nickel pro-
cessed through a combination of ECAP and HPT: the standard stereographic triangle shows the orienta-
tions of the grains.
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firm this assumption because the complex contrast
in the TEM images makes it difficult to clearly dif-
ferentiate between many of the individual grains.

The problem of microstructural characterization
can be significantly overcome through the use of
OIM. Fig. 4.6 illustrates this problem by showing
images taken by OIM (on the left) and TEM (on the
right) for the sample prepared through the combined
process of ECAP+HPT: the stereographic triangle
in the center shows the orientations of the individual
grains recorded by OIM. It is apparent from inspec-
tion of both images that the microstructure in this
condition consists of a reasonably equiaxed array
of grains with a mean grain size in the range of ~0.1
� 0.2 µm.

A complete analysis of the grain size distribu-
tion in any UFG structure requires detailed OIM
observations and the use of appropriate analytical
software. This characterization introduces the an-
cillary problem of deciding upon the appropriate tol-
erance angle (TA), where TA is defined as a param-
eter of the OIM measurements such that two neigh-
boring points are considered to belong to the same
grain if the difference in their individual
misorientations is less than TA. The effect of using
different values for TA is illustrated in Fig. 4.7 where
the grain size distributions are shown for samples
processed by (a) ECAP, (b)

HPT and (c) ECAP+HPT for values of TA equal
to 2°, 5°, 10°, and 15°, respectively.  Within each
set of distributions in Fig. 4.7, it is apparent that the
shapes of the individual plots depend significantly
upon the value selected for TA. In general, the grain
size distribution after ECAP appears to be multi-
peaked whereas the distributions after HPT and
ECAP+HPT are smoother and reasonably close to
log-normal functions.

Fig. 4.8 provides a pictorial illustration of the ef-
fect of the tolerance angle by showing, for the same
fields of view, the color-coded orientation images
after (a) ECAP and (b) HPT for the two tolerance
angles of 2° (on the left) and 15° (on the right): these
angles represent the lower and upper cut-off limits
corresponding, respectively, to a measure of essen-
tially all grain boundaries in the array and a mea-
sure of only the high-angle grain boundaries defined
according to the Brandon criterion which designates
low-angle boundaries as having misorientations up
to 15° [152]. Thus, some low-angle boundaries dis-
appear, and the grain size appears intuitively larger,
when using the higher cut-off angle of TA = 15°.prob-
lem of deciding upon the appropriate tolerance angle
(TA), where TA is defined as a parameter of the OIM

measurements such that two neighboring points are
considered to belong to the same grain if the differ-
ence.

It is apparent from Fig. 4.8 that the grain size is
significantly smaller after processing by HPT by
comparison with ECAP and, in addition, the micro-
structure appears to be more homogeneous and
generally more equiaxed after HPT processing.  Fur-
thermore, it appears from Fig. 4.2 that the distribu-
tions approximate to a log-normal function for the
HPT and ECAP+HPT samples when taking TA = 2°
and, despite some perturbations in the curve, the
distribution after ECAP may be approximated also
to a log-normal function. Thus, it is reasonable to
define a tolerance angle of 2° as a suitable cut-off in
defining the grain size in UFG microstructures. The
grain sizes reported earlier after SPD processing
were recorded using TEM and they correspond, to
a first approximation, to the use of a tolerance angle
of 2°.

Texture analysis and grain boundary statistics.
Microtexture data, in the form of pole figures ob-
tained from OIM measurements, are shown in Fig.
4.9 for samples prepared through ECAP, HPT and
ECAP+HPT, respectively; also shown in Fig. 4.10
are 3D views of the corresponding orientation distri-
bution functions (ODF) calculated using harmonic
methods. The three dimensional ODF for ECAP, HPT
and ECAP+HPT nickel samples are plotted in the
form of iso-surfaces with 1/4, 1/2, and 3/4 of abso-
lute maximum for corresponding orientation distri-
butions. Fig. 4.9 shows pole figures (001), (011) and
(111) types for UFG nickel obtained by ECAP (Fig.
4.9a), HPT (Fig.4.9b) and the combination of both
(Fig. 4.9c). Following the work by Canova et al.
[153], a detailed analysis of texture in pure alumi-
num after ECAP pressing was accomplished [50].
In particular, it was established that all three com-
ponents of torsion texture revealed in [49], namely
the C-component ({001}�110�), A- fiber ({111}�hkl�)
and B-fiber ({hkl}�110�), are observed in ECAP pure
aluminum. Similar features have been discovered in
ECAP and HPT nickel samples. Major texture
maxima correspond to the C- component schemati-
cally depicted on Fig. 4.9a. The maximum of the C-
component is stronger for ECAP nickel samples
(~5.5 of random level) and there is a weak A-fiber
present in the pole figures. The orientation distribu-
tion function plotted as 3D function in Euler angles
(ϕ

1
, Φ, ϕ

2
) is shown in Fig. 4.10. A schematic dia-

gram of the A, B, C- components of pure shear tex-
ture is depicted on Fig. 4.10a, where the squares
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Fig. 4.7. Grain size distributions in UFG nickel as a function of the tolerance angle from 2° to 15° using
orientation imaging microscopy after (a) ECAP; (b) HPT and (c) ECAP+HPT.



71Fundamentals of interface phenomena in advanced bulk nanoscale materials

correspond to C-component, circles are B- fiber and
blue line represents A-fiber.

It is noted that the ECAP texture (Fig. 4.10b)
consists mostly of C-component and it shows a
minor maximum near the end of the A-fiber. The
texture of the HPT and ECAP+HPT nickel samples
possess more complex structures but nevertheless
the C-component dominates. Generally, relatively
little attention has been given to the nature of the
texture after SPD processing.  However, there is a
report of the evolution of texture in Cu processed by
HPT where, with increasing strain in torsion, the
intensity of the {200} peak decreased relative to the
{111} peak giving an ultimate after 5 turns of HPT of
~6.3 [51]. This result is not consistent with the
present data for pure Ni where there is a strong axial
texture of the {200} peak with a maximum of ~3
compared to a maximum for the {111} peak below
2.0 of random level. The texture in ECAP copper
was measured and modeled very recently [154] and
it was shown that it is similar to a shear texture that
is characterized by distinct orientations of the C-
component [154,155].

The grain boundary misorientation distributions
are shown in Fig. 4.11 for the three processing con-
ditions of ECAP, HPT and ECAP+HPT in the form
of the distribution of misorientation angle and the
relevant axes are shown as insets. The corresponding
fractions of low-angle (Σ1) boundaries having

Fig. 4.8. Color-coded orientation images of UFG nickel after (a) ECAP and (b) HPT using tolerance angles
of 2° and 15°.

misorientations up to 15°, twin (Σ3) boundaries, other
special (Σ5-30) boundaries and high-angle bound-
aries (HAB) having orientations >15° are depicted
also as histogram. The misorientation angle in Fig.
4.11 denotes the measured disorientation angle
between any two adjacent points in the OIM scan.
Inspection of Fig. 4.11 shows the distributions are
bimodal in character for all three processing condi-
tions with peaks at both low (<15°) and high (>15°)
angles. The peaks at angles <15° are not consis-
tent with the theoretical prediction for a random dis-
tribution but the experiments show that the fraction
of these low-angle boundaries is lower in HPT than
in ECAP and there is an even greater reduction for
the sample processed by ECAP+HPT. There is also
evidence in all three distributions for the presence
of two peaks at the higher angles, with these peaks
lying in the vicinity of misorientation angles of ~35°
and ~60°, ratio respectively. A similar effect was
reported in experiments on pure Al processed by
ECAP [139] and the second peak corresponds to
the twin misorientation. It follows from Fig. 4.11 that
the fraction of low-angle boundaries decreases from
~27% after ECAP to ~17% after HPT and ~14%
after ECAP+HPT whereas a random distribution
predicts a fraction of high-angle boundaries of ~90%.

The presence of these low-angle peaks is a natu-
ral consequence of the very high strains, and thus
the large numbers of dislocations, that are intro-



72 B. Baretzky, M. D. Baró, G. P. Grabovetskaya, J. Gubicza, M. B. Ivanov, Yu.R. Kolobov, et. al.

Fig. 4.9. Pole figures (001), (011), (111) for ECAP (a), HPT (b) and ECAP+HPT (c) nickel samples. Sche-
matic view of the same pole figures for C-component of shear texture is shown.

duced into the materials during processing. Never-
theless, these low-angle peaks are not consistent
with the theoretical predictions for a random distri-
bution of misorientation angles. An important con-
clusion from the present investigation is that a com-
bination of ECAP and HPT leads both to a finer ho-
mogeneous microstructure and to a higher fraction
of high-angle boundaries with a general
misorientation distribution that is significantly closer,
as shown in Fig. 4.11, to the theoretical distribu-
tion. According to the sigma value distribution (Table
4.2), ECAP processing leads also to a higher frac-
tion of twin boundaries (Σ3) by comparison with HPT.
The fraction of twins after ECAP+HPT was also
slightly higher than after HPT, thereby suggesting

that the twin boundaries are reasonably stable when
subjected to subsequent processing by HPT. Table
4.2 shows also that all processing routes lead to a
remarkably high fraction of special boundaries (Σ 5-
30) by comparison with the theoretical random dis-
tribution

Summarizing this section one can conclude that
the results show the mean grain size is largest af-
ter ECAP, intermediate after HPT and the smallest
grain size of ~140 nm was achieved after a combi-
nation of ECAP and HPT. Texture measurements
reveal a strong texture after ECAP and a weaker
texture after HPT. There are common features for
texture development in nickel samples during se-
vere plastic deformation by ECAP and HPT (and
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Fig.4.10. 3D view of orientation distribution function for pure shear texture (a), ECAP (b), HPT (c) and
ECAP+HPT (d) nickel samples. Iso-surfaces of 1/4, 1/2 and 3/4 of maximum intensity are plotted.

Table 4.2. The grain boundary character distribution (Σ) as a percentage in UFG nickel after ECAP, HPT
and ECAP+HPT.

Samples \ Boundaries Σ 1 Σ 3 Other, Σ5-30 HAB

ECAP nickel 23.2 5.1 11.7 60.0
HPT nickel 15.4 3.0 13.5 68.1
ECAP+HPT  nickel 10.5 3.3 15.5 70.7
Random distribution 2.1 1.6 7.0 89.3



74 B. Baretzky, M. D. Baró, G. P. Grabovetskaya, J. Gubicza, M. B. Ivanov, Yu.R. Kolobov, et. al.

Fig. 4.11. The grain boundary misorientation distri-
butions in UFG nickel after (a) ECAP, (b) HPT, and
(c) ECAP+HPT. The solid curve represents the pre-
diction for a random distribution of grain orientations.

also by their combination) and the texture reveals
the main components (C-component, A- and B-fi-
bers) typical for pure shear in materials subjected
to torsion straining. A combination of ECAP and
HPT leads to a similar texture as after pure HPT but
with some deviations. An analysis of grain bound-
ary misorientation distributions reveals a higher frac-
tion of low angle boundaries for ECAP nickel (about
27%) with the fraction decreasing for HPT (about
15-17%) and ECAP+HPT samples (below 15%).

4.3. DCS analysis of GB surface
energy

In polycrystalline materials subjected to deforma-
tion, the total excess of enthalpy per molar material
can be expressed as

∆ ∆H H W
GB

= + ,  (4.5)

where ∆H
GB

 is the total excess energy from the grain
boundaries and W is the total excess energy re-
lated to the enhanced elastic energy stored in the
dislocations. The first term of equation (4.5) is given
by

∆ ΩH N
d d

GB A
= ⋅ ⋅ ⋅ −

F
HG

I
KJ

α γ
1 1

0

,  (4.6)

where α is a geometrical factor, γ is the grain bound-
ary surface energy, Ω is the atomic volume (1.09.10-29

m3), N
A
 is Avogadro�s number, and d

0
 and d are the

initial and final grain sizes, respectively. For an ide-
alized model of spherical grains, the value of a is 3.
Since l/d

0
>>l/d, it follows that the grain boundary

energy may be represented (in units of J mol-1) as

∆ ΩH
d

N
GB A

= ⋅3
0

γ
.  (4.7)

The elastic energy stored in the strain field of the
dislocation structure may be calculated using the
following relationship:

W A G bp
R

r
c= * log ,2

0

 (4.8)

where the coefficient A*  is equal to 1/4π for screw
dislocations and 1/[4π(1-ν)] for edge dislocation
where ν is Poisson�s ratio, G is the shear modulus
(7.89.1010 Pa), r is the dislocation density, R

C 
is the

effective outer radius for dislocation interactions and
r

0 
≈ b is the dislocation core radius where b is the

magnitude of the Burgers vector (2.49.10-10 m). The
values of R

C
 and ρ may be determined from X-ray

experiments and the value for A* can be taken as
the weighted sum for the screw and edge disloca-
tions:

θ, deg

θ, deg θ, deg
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where f
screw

 and f
edge

 are the individual fractions of
the screw and edge dislocations. Combining equa-
tions (4.5) - (4.9), it follows that
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Usually, the value of γ represents all types of grain
boundaries in the material. However, earlier experi-
ments showed that the grain boundary
misorientation distribution in UFG nickel subjected
to SPD processing is bimodal [118] and the energy
of the low-angle boundaries depends strongly on
the misorientation angle. Strictly, it is necessary
also to consider not the fraction of any particular
type of boundary but rather their relative area (or
length in a two-dimensional model). Considering a
model of identical grains, the frequencies of spe-
cific grain boundary misorientations can then be used
in the calculation.

The energy of the low-angle boundaries (LAB)
as a function of the misorientation angle is given, in
the Read-Shockley model [156], by the relationship

γ θ θ
LAB E A= ⋅ ⋅ −

0 0 log ,a f  (4.11)

where E
0
=(Gb)/[4π(1-ν)] and A

0
=1+log[b/(2πr

0
)].

The relationship given in Eq. (4.11) can be re-
written in a general normalized form as

γ γ
θ

θ

θ
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where θ
0
 is a critical misorientation angle delineat-

ing the transition between low-angle and high-angle
boundaries and γ

HAB
 is the surface energy for the

high-angle boundaries where the misorientations are
larger than θ

0
. It is generally accepted that the limit

for LAB is given by θ
0
  = 15° (or π/12 in radians).

In Fig. 4.12, the function represented by Eq.
(4.12) is shown as a solid line. The surface energy
is then expressed as

γ γ
θ
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where fθ
LAB and f HAB are the fractions of the low-angle

and the high-angle boundaries, respectively, with the
fraction of twins excluded from f HAB. From Eqs. (4.12)
and (4.13), the surface energy of the high-angle grain
boundaries can be evaluated.

Finally, Eq. (4.12) can be rewritten in the form

γ γ γ= ⋅ + ⋅∑ f f
i i

i

HAB

HAB , (4.14)

where f
i
 and γ

i
 are the fraction of low-angle bound-

aries and the boundary energy for this fraction, re-
spectively.

It is possible, in principle at least, to evaluate
the grain boundary surface energy using equation
(4.11) in the limit where θ→15°. However, the dislo-
cation core radius is not defined explicitly so that,
assuming a reasonable core radius of r

0
 = b/2 where

b is the Burgers vector, it follows that the function in
equation  (4.11) achieves a maximum at θ = 18.2°
and γ

LAB
 (at θ = 18.2°) ~ 0.715 J·m-2. Alternatively,

Eq. (4.11) can be parameterized to have a maxi-
mum at θ = 15° and in this case the core radius
becomes r

0
 ~0.61b and the value of the surface

energy is ~0.6 J·m-2.  Similar values have been re-
ported in the literature for the surface grain bound-
ary energies of coarse-grained Ni [157] and Cu [158]
and a very similar estimate was reported also for
HPT Cu, based on DSC measurement of the re-
leased enthalpy, where the energy was calculated
as close to ~0.8 J·m-2 [159]. It is interesting to note
that the level of the released heat during the DSC
experiments on HPT copper was reported as 95.25
J·mol-1 for experimental conditions corresponding
to a pressure of 5 GPa at room temperature after a
total of 5 turns [159]. This value is in excellent agree-
ment with the present result of ~102.7 J·mol-1 ob-

Fig. 4.12. The normalized function (solid line) cal-
culated from Eq. (4.12) and an enlarged portion of
the grain boundary misorientation distribution for UFG
nickel after ECAP: the hatched area for the grain
boundary surface energy corresponds to the frac-
tion of low-angle boundaries in the range from 0 - 3
degrees.

θ, deg
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tained for HPT Ni under a pressure of 6 GPa at room
temperature after 5 turns.

The values of the grain boundary surface energy
obtained in the present work are higher than those
generally reported in the literature. This suggests
that the grain boundaries in the UFG Ni are in a
high-energy state as anticipated from several early
reports of the presence of non-equilibrium bound-
aries after SPD processing [4]. Furthermore, the
geometrical factor, α, in Eq. (4.6) has been vari-
ously estimated for real microstructures as ~1.67
[160] or ~1.3 [161] and these values will lead to
even higher estimates for γ

HAB
.

Despite these shortcomings, the results gener-
ally present a comprehensive assessment of the
nature of the microstructures introduced into pure
nickel through processing by ECAP, by HPT and
by a combination of both procedures. In general,
there is very good agreement with the results re-
ported for Cu after HPT [159] and there is also a
consistency with earlier reports of the non-equilib-
rium nature of the grain boundaries after SPD pro-
cessing. The experimental results provide a very clear
demonstration of the advantage of processing ma-
terials through a combination of ECAP followed by
HPT.

5. DECOMPOSITION OF
SUPERSATURATED SOLID
SOLUTION AND FORMATION OF
NS STRUCTURE DURING HPT

In the continuous trend towards the development of
materials with improved mechanical properties, a
recently developed technique is to produce a very
small grain size such that a significant fraction of
the atoms are located at the grain boundaries.
Among the methods capable of producing such
materials, a certain number (e.g. inert gas conden-
sation, ball-milling) result in the production of pow-
ders which must be subsequently consolidated. By
contrast, methods based on severe plastic defor-
mation produce materials which are monolithic and
fully dense without further processing. Conventional
processes of high deformation such as rolling or
wire drawing strongly change the geometry of the
sample. However, two special methods of severe
plastic deformation do not involve important changes
in the material geometry, namely equal channel
angular pressing and high pressure torsion [27,162].
The possibility of producing the bulk nanostructured
metals with a grain size in nanometer or
submicrometer ranges using these methods have
been demonstrated [4]. ECAP consists in forcing a

cylindrical specimen to pass through two channels
of equal cross-section intersecting at an angle 2θ.
After passing through the channels, the sample,
while retaining its original geometry, has undergone
a shear deformation which, under typical conditions
(θ = 45°, i.e. perpendicular channels), is of the or-
der of 1 [163]. The process can be repeated several
times in order to accumulate larger amounts of strain.
In HPT, a disc-shaped sample is pressed between
two Bridgman-type anvils and the upper anvil is ro-
tated, resulting in intense shearing of the material.
ECAP is better suited for direct applications of se-
verely deformed materials, since it produces speci-
mens in the centimetre size range. However, for fun-
damental investigations, HPT gives the possibility
of applying extremely high levels of deformation, and
thus of determining the upper limits of the material
modifications which can be expected from severe
plastic deformation.

The SPD of metals and alloys permits one to
obtain materials with ultrafine grains or a phase
composition that is impossible to produce by con-
ventional thermal treatment. One can mention for
example the formation of supersaturated solid solu-
tions [164,165], complete dissolution of cementite
during HPT in pearlitic steel [166,167] and disorder-
ing or even amorphization in SPD intermetallics
[168,169]. One important and still not clarified is-
sue is the role of the diffusion-controlled processes
during SPD. In the conventional thermal treatment,
a clear difference exists between cold work and
deformation at elevated temperature. At high tem-
peratures the diffusion fluxes are high and ensure
the recovery processes which proceed simulta-
neously with deformation at a comparable rate.
During conventional cold work the diffusion can be
neglected and the resulting microstructure and prop-
erties of a material are fully controlled by the defor-
mation. However, it is well known, that the vacan-
cies produced during the irradiation can induce the
diffusion fluxes and allow to reach the thermody-
namically equilibrium phase structure at low tem-
peratures (e.g. by decomposition of solid solution
or formation of low-temperature phases) [170].
Heavy plastic deformation produces many lattice
defects, and one can suppose that the vacancy and/
or interstitial production during HPT or ECAP is high
enough to release the diffusion-controlled recovery
processes simultaneously to the deformation. One
can suppose that under some conditions SPD can
simultaneously lead to the refinement of the grain
structure (path from equilibrium) and to release the
kinetically suppressed processes of formation of
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phases which are equilibrium at temperature and
pressure of SPD treatment (path towards equilib-
rium).

In order to clarify this issue we chose two binary
Al-based systems Al�Mg and Al�Zn and ternary Al�
Mg�Zn alloys. First of all, these systems are the
base for numerous industrial alloys. The diffusivity
of Zn and Mg in Al matrix is rather different [171-
173], the addition of Zn decreases and that of Mg
increases the lattice spacing of Al [174-177]. In Al�
Zn alloys the matrix is strengthened by metallic Zn
precipitates [178]. In Al-Zn and Al-Mg-Zn systems
the precipitates are intermetallic [178,179]. The data
on influence of pressure and irradiation exist for
these systems [180-183]. One important equlibration
path may be the formation of layers of phases which
are stable in the grain boundaries (GB) and unstable
in the bulk [184-186]. Such phases form as a result
of GB wetting, premelting and prewetting phase tran-
sitions [21,184-188]. GB phases can substantially
influence the GB energy [189], GB segregation
[184,189,190], diffusional [187,188,191-194], me-
chanical [184,190] and electrical [195] properties of
polycrystals. The GB wetting phase transitions were
recently observed in Al-Mg and Al-Zn systems
[13,196]. It means that the GB solidus line in the
one-phase solid solution area of the bulk Al-Mg and
Al-Zn phase diagrams should exist. The hypothesis
was proposed that the high strain rate superplastic-
ity observed in ternary Al-Mg-Zn alloys [197,198]
proceed between the GB and bulk solidus line and
is driven by the formation of specific GB phases in
these alloys [24,196].

Seven binary and ternary Al-based alloys (Al-10
wt.% Zn, Al-20 wt.% Zn, Al-30 wt.% Zn, Al-5 wt.%
Mg, Al-10 wt.% Mg, Al-2 wt.% Mg-5 wt.% Zn and
Al-4 wt.% Mg-10 wt.% Zn) were prepared by vacuum
induction melting and casting into 9 mm diameter
rods. They were made of high purity components
(5N5 Al, 5N Zn of and 4N5 Mg). Samples of 1 and
0.3 mm thickness were cut off from the rods by
spark erosion. The disks with a coarse-grained (CG)
structure, 9 mm in diameter and 0.3 mm thick, were
prepared from the alloy buttons by grinding, spark
erosion sawing and chemical etching in 47% HCl +
50% HNO

3
 + 3% H

2
O solution. They were subjected

to shear deformation by torsion at room tempera-
ture under a quasi-hydrostatic pressure of 5 GPa in
a Bridgman-anvil type unit (5 torsions, duration of
process 300 s, final thickness 0.11 mm) [32]. The
sample was placed between an upper immobile and
lower rotatable Bridgman anvils. The shear was re-
alized by turning one anvil relative the other at a

speed ω = 1 rpm. In previous experiments [199] it
was shown that for a given experimental procedure
there is no slip between the anvils and the surface
of the samples. Due to the high thermoconductivity
of anvils and good thermal contact the temperature
of the sample during HPT remains below 50 °C. The
deformation procedure used in the present experi-
ments (torsion under high pressure) is a complex
process since it involves simultaneous torsion and
compression of the samples. Details on HPT can
found in Section 1.

Transmission electron microscopy investigations
have been carried out on the JEM-4000EX micro-
scope at accelerating voltage 400 kV. The micro-
scope is equipped by the Gresham energy disper-
sive X-ray (EDX) microanalysis system with high-
purity Ge detector. It was used for the local analy-
sis of the alloying element concentration. Samples
for the investigations were prepared by jet
electropolishing technique in an 75% methanol-25%
nitric acid siolution at the temperature 243K. Phase
constitution of the alloys was analysed by selected
area electron diffraction. Dislocation density in TEM
investigations was measured using a conventional
technique by counting the number of dislocation
intersections with a line of a definite length, X-ray
diffraction data were obtained on the SIEMENS-500
diffractometer with a graphite monochromator and
line position sensitive gas flow detector. CuKa

1
 ra-

diation was used. To obtain the lattice parameter of
the studied alloys, reflections in high-angle interval
(2θ >100°) were used. The precise centroid position
of the profile was determined by an approximation
procedure with a Lorentz function. The lattice pa-
rameter was determined by a Nelson-Riley extrapo-
lation technique; relative error was about 0.01%.

The XRD profile evaluation procedure developed
by Ungar et al. [110,111] allowed obtaining the val-
ues of mean grain size and dislocation density in
the Al-Mg and Al-Mg-Zn alloys after HPT deforma-
tion. This technique is based on the fitting of the
experimentally determined peak profile Fourier co-
efficients by the Fourier transforms of ab-initio size
and strain profiles. In this method the strain is as-
sumed to be caused by dislocations and the crys-
tallites are modeled by ellipsoids with log-normal
size distribution.

Al-Zn coarse grained (CG) alloys (state before
HPT deformation) contain isolated grains of (Zn) solid
solution among the grains of (Al) solid solution (Fig.
5.1a). Both (Al) and (Zn) grains are almost disloca-
tion-free with a dislocation density of about
1010 m-2. The mean grain size in all studied Al-Zn
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Fig. 5.1. Microstructure of coarse grained aluminum based alloys: Al-30%Zn (a), Al-10%Mg (b);
Al-10%Zn-4%Mg (c).

alloys is ~500 µm for (Al) and 3-5 µm for (Zn). Al-Mg
and Al-Zn-Mg CG alloys also contain grains of two
phases (Figs. 5.1b and 5.1c). These are (Al) solid
solutions with a mean size of 500 µm and colonies
of intermetallic phases: β-phase (Al

3
Mg

2
) in Al-Mg

alloys (Fig. 5.1b) and τ-phase (Mg
32

(ZnAl)
39

) in Al-
Zn-Mg alloys (Fig. 5.1c). The colony size was about
500 nm. The dislocation density in (Al) is ~1012 m-2.
XRD data do not reveal the presence of τ and β
phases in the alloys. Specimens of all studied Al-
Zn alloys after HPT have two phases, and two kinds
of grains are observed in the structure (Fig. 5.2).
These are (Al) grains with the size of ~800 nm and
grains of (Zn) which size is ~200 nm. The disloca-
tion density for these alloys is rather low and ~1012

m-2. It is only slightly higher than in the CG alloys.
The grains are practically equiaxial with distinct
extinction contours.

The structures of Al-Mg (Fig. 5.3) and Al-Zn-Mg
(Fig. 5.4) alloys after HPT are rather similar. Grains
with sizes of ~150 nm are detected in the structure
of both alloying systems. Dislocations are observed
to be mainly arranged in subgrain boundaries. Se-
lected area diffraction (SAED) patterns revealed the
presence of the β-phase particles in Al-Mg alloy and
τ-phase particles. They are uniformly distributed in
the material. The particles of the β phase are ex-
tremely dispersed. They are not distinguished in the
conventional TEM micrographs and they were de-
tected by the additional spots in the electron dif-
fraction patterns. The grain sizes of the β and τ
phases can be estimated to be ~10 nm. X-ray analy-
sis did not detect the secondary phases in these
alloys. Fig. 5.5 displays the data on the grain size

Fig. 5.2. TEM bright field (BF) image of the Al-30%Zn
alloy after HPT deformation.

of (Al) solid solution and second phases, (Zn) and
Al

3
Mg

2
, before and after HPT deformation.

For three investigated systems the dependence
of the lattice parameter on the alloying element con-
centration was obtained for both CG and HPT-de-
formed specimens (Fig. 5.6). It can be seen from
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Fig. 5.3. Bright field (a), dark field (b) images and SAED TEM pattern (c) of the Al�10%Mg alloy after HPT
deformation.

Fig. 5.4. BF (a), DF (b) images and SAED TEM pattern (c) of the Al-4%Mg-10%Zn alloy after HPT deformation.

Fig. 5.5. Grain size of (Al) solid solution and sec-
ond phases (Zn) and Al

3
Mg

2
 before and after HPT.

Fig. 5.6a for Al-Zn alloys that the lattice parameter
a increases after HPT deformation, therefore, recov-
ering to a value close to that of pure Al. This means
that the phase state of the material after HPT defor-
mation is closer to the equilibrium than that for the
CG material. Fig. 5.6c demonstrates that the lat-
tice parameter a in the Al-30 wt.% Zn alloy increases
very rapidly during HPT. The value of a already
reaches its final value after one turn (Fig. 5.6c). In
Al-Mg alloys the lattice parameter decreases after
HPT deformation. However, in Al-Mg alloys such
recovery is much less pronounced.

According to the equilibrium phase diagrams,
the Al-Zn alloys have to contain the (Al) solid solu-
tion with Zn content less than 0.5% and (Zn) solid
solution with Al content less than 0.1% at atmo-
spheric pressure and room temperature [178]. In
the Al-Mg alloys (Al) solid solution with Mg content
less than 1% and β-phase particles have to be
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present [178]. The same is true for the Al-Zn-Mg
alloys but they contain τ-phase instead of β phase.
Only the volume ratio of these phases is different at
different Zn and Mg content. In CG samples the
same phases are present, but the (Al) solid solu-
tion is in all cases supersaturated at room tempera-
ture. HPT deformation at room temperature leads
to the decrease of (Al), (Zn), τ and  β phases grain
size. This means that HPT produces a less equilib-
rium grain structure. On the other hand, the super-
saturated (Al) solid solution decomposes in all stud-
ied samples. This means that HPT gives a more
equilibrium phase structure. From this point of view,
HPT cannot be considered as a cold work, since
the phase equilibration proceeds even at room tem-
perature, similar to the warm deformation at moder-
ate strains.

Grain refinement and equlibration of phases
during high pressure torsion. There is a distinct
difference between the behavior of Zn and Mg dur-
ing the decomposition of supersaturated solid solu-
tion under the same HPT conditions. The Al-Zn solid
solutions decompose almost completely and reach
the equilibrium concentration at room temperature.
The decomposition of Al-Mg and Al-Zn-Mg solid
solutions proceeds only partly. According to the
equilibrium phase diagrams the Al-10 wt.% Zn, Al-
20 wt.% Zn and Al-30 wt.% Zn alloys have to con-
tain at atmospheric pressure and room tempera-
ture the (Al) solid solution with Zn content less than
0.5 wt.% and (Zn) solid solution with Al content less
than 0.1 wt.% [18]. In the Al-5 wt.% Mg and Al-10
wt.% Mg alloys the (Al) solid solution with Mg con-
tent less than 1 wt.% and β-phase Al

3
Mg

2
 has to be

present [178]. In ternary alloys Al-2 wt.% Mg-5
wt.% Zn and Al-4 wt.% Mg-10 wt.% Zn the (Al) solid
solution with Zn and Mg content less than 0.5 wt.
% and τ-phase Mg

32
(ZnAl)

49
 has to be present [19].

Only the proportions of these phases have to be
different in different alloys. It is important to under-
line that the proportion of Zn and Al in the τ phase
can vary. In CG samples the same phases are
present, but the (Al) solid solution is in all cases
supersaturated at room temperature. HPT deforma-
tion at room temperature decrease in all cases the
grain size of (Al), (Zn) and intermetallic phases (Fig.
5.5). It means that HPT leads from more to the less
equlibrium grain structure. On the other hand, the
supersaturated (Al) solid solution decomposes in
all cases. It means that HPT leads from less to the
more equilibrium phase structure. This is a distinct
difference between the behavior of Zn and Mg dur-
ing the decomposition of supersaturated solid solu-

Fig. 5.6. Dependence of the lattice parameter on
the alloying element concentration for the Al�Zn (a),
Al�Mg and Al�Mg�Zn (b) alloys. (c) Dependence of
the lattice parameter vs. the deformation degree in
the Al-30wt.% Zn alloy.

tion in the same HPT conditions. The Al-Zn solid
solutions almost completely decompose and reach
the equilibrium concentration at room temperature.
The decomposition of Al-Mg solid solutions pro-
ceeds only partly. In ternary alloys Mg leaves the
supersaturated solid solution slower than Zn. Let
us consider a possible mechanism which can be
responsible for the decomposition of supersaturated
solid solution and different behavior of Zn and Mg.

Number of turns
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Bulk diffusion as a possible mechanism of re-
covery during HPT. The supersaturation is the driv-
ing force for the bulk diffusion of Mg and Zn from the
solid solution to the sinks being the particles of (Zn),
β and τ phases, respectively. The diffusion paths for
individual Zn and Mg atoms would be about 800 and
100 nm, respectively. It corresponds to the bulk dif-
fusion coefficients. of 10-15 m2.s-1 and 10-17 m2.s-1.
There are two groups of tracer diffusion data for bulk
diffusion of Zn in Al: measured in polycrystals (D

0
 =

0.30 10-4 m2.s-1, Q = 121.4 kJ·mol-1, 700-920K, 65Zn,
[172]) and single crystals (D

0
 = 0.259 10-4 m2.s-1, Q

= 120.8 kJ.mol-1, 630-926K, 65Zn [171]). After ex-
trapolation to 300K both deliver very close values of
D (300K) = 0.95 10-23 m2.s-1 and D (300K) = 1.0.

10-23 m2.s-1. The extrapolation of data for Mg bulk
diffusion in Al single crystals (D

0
 = 1.24 10-4 m2.s-1,

Q = 130.4 kJ.mol-1, 667-928K, 28Mg [176]) D (300K)
= 1.7 10-24 m2.s-1. Although the Mg diffuses some-
what slower than Zn, the difference of about 8 or-
ders of magnitude remains unexplained. Can HPT
produce additional vacancies for acceleration of bulk
diffusion, similar to those produced by the irradia-
tion of materials?

Irradiation of supersaturated solid solutions at
ambient temperature is usually considered as a
balance between radiation-induced disordering and
radiation-accelerated diffusion towards the equlibrium
state [181]. Similar to our work, the irradiation-in-
duced decomposition at low temperatures was ob-
served for Al-Zn solid solutions [183,200-203]. On
the other hand, the 1 MeV e- irradiation enhanced
the decomposition of supersaturated Al-Ge solid
solutions and no effect was found for the decompo-
sition of Al-Mg alloys [183]. If cold work produces
point defects, their presence must accelerate all
the phenomena which are controlled by diffusion.
Particularly, the reason for the observed decompo-
sition of supersaturated solid solution during HPT
can be the temporary increase of the vacancy con-
centration which increases the diffusion rate.

The early estimations of the vacancy production
during cold work were made based on a compari-
son with the data on residual resistivity [204]. In
metals the residual resistivity attributed to point
defects increases with the strain ε, and according
to laws which vary somewhat with the type of stress-
strain curve. From the residual resistivity per Frenkel
pair, deduced from irradiation experiments, it was
concluded that atomic concentrations of 10-5 to
10-4 are reached for strains ε ≈ 1 [205,206]. There-
fore, even a strain of ε ≈ 1 produces a concentration
of vacancies comparable to the equilibrium one at

the melting point (about 10-4 [204]). This estimation
for metals agrees with data obtained on ionic sol-
ids. The cold work of ionic solid should produce a
strong temporary increase of its ionic conductivity.
Indeed, the strain of ε = 0.1 temporarily multiplies
by 100 the electric conductivity of NaCl [207]. From
this change one deduces that about 10-5 defects
per atom have been introduced [62]. Two processes
can be invoked in the creation of vacancies and
interstitials [204]: (1) Rapid displacement of the
nearly pure screw dislocations containing jogs and
(2) Recombination of dislocations other than screws
placed in neighbouring parallel planes.

The first process is important only by very high
dislocation velocities close to that of sound. It is
rather improbable even for HPT conditions. Various
forms of the second process were proposed [204].
The most probable mechanism for the cubic crys-
tals is that the production occurs each time a mo-
bile dislocation loop cuts across the �attractive tree�
of the Frank dislocation network [208,209]. When
two parts of a mobile loop meet after having crossed
an �attractive tree�, they are in different slip planes if
jogs have been formed, i.e. if the Burgers vectors of
the �tree� are not parallel to the slip plane of the
loop. Furthermore, the loops meet at an angle and
with a large kinetic energy, because they are run-
ning away from their metastable equilibrium posi-
tion. Therefore, they would recombine by climb over
a certain length g, until they meet at a vanishing
angle. The climb has pushed the jog of the loop at
the length g, thus creating a row of point defects.
The number n of point defects created per �attrac-
tive tree� crossed is given by length g. They should
be of the order of the initial length of a mobile loop
which is in turn proportional to the size of the Frank
network l. If dN attractive trees are crossed, the
number of point defects created per atom will be

dc nb dN Alb dN= =3 3 ,  (5.1)

where b is the Burgers vector and numerical con-
stant A = g/l is about 10. The corresponding in-
crease in strain is

d bdNε = l2 .  (5.2)

Since stress σ ≈ µb/4l [204] (m being the shear
modulus):

dc d/ / .ε σ µ= 3  (5.3)

Such a law is relatively well followed in face centred
cubic metals [208-210]. On the linear deformation
stage it predicts a parabolic increase of the atomic
concentration c of point defects. From dσ/dε ≈
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µ/200 it follows that c ≈ 10-4 ε2. This estimation
agrees well with measurements on copper giving
c ≈ 10-5 to 10-4 for strains ε ≈ 1 [205,206]. Formal
application of this relation for our case ε ≈ 10 deliv-
ers an exceptionally high vacancy concentration of
10-2 which is sufficient to ensure equilibration. How-
ever, it is unclear, whether the dislocation mecha-
nism for the vacancy production proposed for low
deformations remains valid by SPD. Therefore, we
have to consider the alternative mechanism of GB
diffusion.

Grain boundary (GB) diffusion as a possible
mechanism of recovery during HPT. In Al-Zn al-
loys the supersaturated solid solution with concen-
tration of ~ 12 wt.% completely decomposes after
300 s. The mean distance between Zn particles in
the nanostructured Al-30 wt.% Zn alloy is about 2
µm. This means that each particle collected the Zn
atoms from the surroundings with a radius equal to
the diffusion path. In case that this process would
be controlled by the bulk diffusion, it gives an esti-
mation for D = (10-12 m2/ 300 s) = 3·10-15 m2.s-1 which
is at least 8 orders of magnitude higher that that of
conventional bulk diffusion at 300K. The transport
of Zn from the (Al) matrix can be controlled by grain
boundary diffusion of Zn atoms along (Al) GBs. Let
us suppose that the moving GBs during HPT swept
at least once each Zn atom in the bulk, saving the
bulk diffusion path from the bulk to a GB. In this
case the path for GB diffusion would be roughly the
same of 1 µm delivering the sD

0
 value of 1.5 10-24

m3.s-1 for GB thickness of δ = 0.5 nm and segrega-
tion factor s = 1.

In another report [211] the data were obtained
for 65Zn tracer GB diffusion in the 99.99% purity Al
polycrystal in the temperature interval of 428�593K.
Three groups of GBs were defined, namely (I) high-
angle GBs with low activation energy Q of GB diffu-
sion (sD

0
δ = 1 10-9 m3.s-1, Q = 118 kJ.mol-1), (II) high-

angle GBs with high activation energy (sD
0
δ = 1.6

10-11 m3.s-1, Q = 90 kJ.mol-1) and (III) low-angle GBs
between subgrains (sD

0
δ= 6.10-14 m3.s-1, Q = 60

kJ.mol-1). The extrapolation of these data for the Zn
diffusion to 300K deliver, respectively, (I) sDδ =
3.10-24 m3s-1, (II) sDδ =2.10-26 m3s-1, and (III)
sDδ =2.10-29 m3s-1. The first value is surprisingly
close to the estimation for the diffusion path needed
for the equilibration of the composition of Al-Zn su-
persaturated solid solution during the HPT treatment.
A similar value of sDδ =10-23 m3.s-1 follows also from
[212,213].

In [214] the parameters of Zn GB diffusion were
measured by electron probe microanalysis in Al-

bicristals with individual tilt and twist GBS with vari-
ous misorientation angles in the temperature inter-
val 523�613K. The pre-exponentials sD

0
δ and acti-

vation energies Q for tilt GBs lie in the intervals 2
10-16�10-12 m3.s-1 and 40�80 kJ.mol-1 respectively
[214]. The pre-exponentials and activation energies
for twist GBs lie in the intervals 10-15�10-9 m3.s-1 and
50�130 kJ.mol-1 respectively [215]. The extrapola-
tion to 300K delivers sDd values for tilt GBs be-
tween 10-24 and 10-22 m3.s-1. Therefore, all tilt GB
studied in [69] and some twist GBs form the family
of �high-diffusivity� GBs can build the channels for
the diffusion which is quick enough to eqilibrate the
Al-Zn solid solutions during HPT.

In [216] the parameters of Zn GB diffusion were
determined in the Al-30 wt.% Zn alloy using the dis-
continuous precipitation reaction controlled by GB
diffusion. The advantage of these measurements is
that they were performed at the rather low tempera-
tures of 350�500K close to the ambient tempera-
ture. The extrapolation to 300K delivers the sDd value
4.10-23 m3.s-1. Therefore, the GBs in Al form the dif-
fusion paths for Zn which can be responsible for the
decomposition of supersaturated solid solution dur-
ing HPT. The 65Zn tracer measurements obtained in
the temperature interval of 493 � 673K demonstrate
that the increase of Zn content can further enhance
the GB diffusivity in Al-Zn alloys [217-219]. The ex-
trapolation to 300K delivers the sDδ values of 3.

10-22 m3.s-1 (2 wt.% Zn), 10-21 m3.s-1 (4.33 wt.% Zn)
and 10-20 m3.s-1 (8 to 10 at.% Zn).

The data for Mg GB diffusion in Al are not so
numerous, perhaps due to the lower values of sDd.
In [218,220] the values of sD

0
δ= 7.10-14 m3.s-1 and Q

= 87 kJ.mol-1 were obtained. The extrapolation to
300K delivers the sDδ value 5 10-28 m3.s-1. It is about
5 orders of magnitude lower than the typical values
for the Zn GB diffusivities. The direct comparison of
Zn and Mg diffusion allow the data on chemical dif-
fusion of Al-0.1 wt.% Sc alloys [221]. Though the
sDδ values were extracted from the comparison of
integral measurements on coarse- and nanograined
polycrystals obtained by ECAP (as well as in [220-
222]), the data demonstrate undoubtedly the lower
GB diffusion of Mg in comparison with Zn. This fact
can explain the slower decomposition of supersatu-
rated solid solution in Al-Mg alloys studied in our
work in comparison with Al-Zn alloys in the same
HPT conditions. Nevertheless, both Zn and Mg GB
diffusivities extrapolated towards 300K are much
higher than the sDδ value for the Al GB self-diffu-
sion (10-31 m3.s-1 [213]). Basing on rather scarce
data on GB diffusion in Al, one can conclude that
Al-Ga supersaturated solid solutions would also de-
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compose very quickly (sD
0
 value extrapolated to

300K is about 10-21 m3s-1 [223]).
If GB diffusion is so effective, why does the su-

persaturated solid solution not decompose without
any HPT? The reason is in the low bulk diffusivity.
The solute atoms are frozen in the bulk and cannot
reach the GBs. During HPT, GBs move and cross
many times every element of the volume, sweeping
in such a way the �frozen� solute atoms. This mecha-
nism is to some extent the opposite of the well-
known diffusion-induced grain boundary migration.

Influence of the high pressure and GB phase
transitions. The pressure during HPT is 5 GPa. It
is sufficient to influence both the phase diagram and
diffusivity, and the system could evolve to the state
which is in equilibrium at high pressures and differs
from that at atmospheric one. Let us analyse this
factor. The solubility of Zn in (Al) decreases with
increasing pressure and no new phases appear at
room temperature [180,181]. The same is true also
for the Al-Mg system [182]. High pressure drasti-
cally decreases the bulk diffusivity. The extrapola-
tion of data obtained in Al-Mg alloys at 3.3 GPa by
studying the chemical diffusion in polycrystals (D

0

= 3 10-5 m2.s-1, Q = 151 kJ.mol-1, 667�928K [224])
to 300K and 0% Mg delivers the value D (300K, 3.3
GPa) = 10-27 m2.s-1. It is about 3 orders of magni-
tude lower than at atmospheric pressure (see above).
Extrapolation to 5 GPa gives a value of D (300K, 5
GPa) = 10-28�10-29 m2.s-1. The data of investigations
of Zn GB diffusion under high pressures in Al poly-
crystals [225] were obtained in conditions similar
to [212]. They demonstrate that by extrapolation to
5 GPa the GB diffusivity decreases by 3.5 to 4.7
orders of magnitude depending on the GB class.
By using the estimation made above, one obtains
(I) sDδ=10-27 m3.s-1 and (II) sDδ=10-30 m3.s-1. These
values are again lower than the estimated sDd value
of 1.5 10-24 m3.s-1 needed for the equilibration of su-
persaturated solid solution by GB diffusion. It seems
that the hypothesis of the additional vacancies pro-
duced during SPD is realistic and can explain the
appearing discrepancy.

It has been shown that some GB phase transi-
tions (prewetting, premelting) can lead to the for-
mation of thin equilibrium layers of GB phases which
are stable in the GB and unstable in the bulk [184-
186]. If the grain size in matrix A decreases, the
formation of GB layers consumes more and more
atoms of second component B. Simple geometri-
cal considerations demonstrate that if such a layer
has two monolayers of B like in Cu-Bi system
[184,189,190] it consumes about 6, 15 and 20 vol.%

B at grain size d = 50, 20 and 10 nm respectively.
On the other hand, thin layers of GB phases do not
input significantly in XRD spectra, it is complicated
to observe them in conventional TEM and even by
HREM. In [167] about 2.4 vol.% cementite disap-
peared from XRD spectra and TEM micrographs by
decreasing the grain size d between 50 and 20 nm.
It can be explained by the formation of a thin layer
of a GB phase [21]. GB layers can also lead to the
enhanced GB diffusivity sDδ increasing to the cer-
tain extent s, D and δ as in the Fe-Si-Zn and Cu-Bi
systems [21,187,188,191,192,194]. Some indica-
tions of GB phase transitions exist for the Al-based
systems with high GB diffusivity like Al-Zn or Al-
Ga. The data of this work also demonstrate the dif-
ference in equlibration kinetics between Al-Zn and
Al-Mg systems and make reasonable the search
for the GB layers in the Al-based systems.

It may be concluded that (i) Severe plastic defor-
mation by HPT of binary and ternary Al-Zn, Al-Mg
and Al-Mg-Zn alloys decreases drastically the size
of (Al) and (Zn) grains (below 100 nm) and particles
of reinforcing b and t phases (below 10 nm). There-
fore, HPT leads to the formation of nanostructure
which is less equlibrium than that of the initial coarse
grained material; (ii) At the same time, during HPT
the Zn-rich supersaturated solid solution (Al) decom-
poses completely and reaches the equilibrium cor-
responding to room temperature. This process is
less pronounced for Mg-rich (Al). In ternary alloys
Zn also leaves the supersaturated solid solution
easier than Mg. Therefore, HPT leads to the forma-
tion of phase structure which is more equlibrium
than that of the initial coarse grained material; (iii)
Most probable mechanism of the equilibration of the
(Al) supersaturated solid solution is grain boundary
diffusion accelerated by fluxes of vacancies built due
to the SPD and by the sweeping of Mg and Zn at-
oms from the bulk by moving GBs; (iii) Therefore,
the severe plastic deformation of supersaturated solid
solutions can be considered similar to irradiation at
ambient temperature, as a balance between defor-
mation-induced disordering and deformation-accel-
erated diffusion towards the equilibrium state.

6. ANNEALING PHENOMENA AND
CREEP BEHAVIOR IN NANOSCALE
MATERIALS

6.1. Grain boundary state and creep of
bulk nanoscale metals

Many useful properties of metallic polycrystals, in
particular strength and plasticity, are affected sig-
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nificantly by their structural features, especially grain
boundary state [226-228], both the structural state
and extent of GBs (grain size) being of importance
[229,230]. Submicrocrystalline and nanostructured
metallic materials produced by severe plastic de-
formation are characterized by significant extent of
GBs and by non-equilibrium (high energy) GB state
relative to the respective coarse-grain counterparts,
which may be due to long-range elastic stress fields
arising on the GBs [10,231,232]. The above metals
are noted for high diffusivities of their GBs, which
exceed by several orders the respective values for
their coarse-grain counterparts [11,233,234,235].
However, the effect of GB diffusivity on plastic defor-
mation development and structural evolution regu-
larities during annealing, especially at elevated tem-
peratures and simultaneously applied loading (e.g.
during creep), has been studied insufficiently. Few
theoretical investigations (if any) are concerned with
relating the diffusion features and diffusion-controlled
processes in submicrocrystalline materials to their
GB state. Another step in this direction may be the
development of computational methods for defining
static and dynamic characteristics of GBs in these
materials. In particular, a method of computer-aided
GB simulation technique is proposed. This enables
one to relate the specific surface energy and
stresses arising on the GBs in submicrocrystalline
and nanostructured metals to the excess volume of
GBs and to define diffusivities over the GBs. The
effect of GB state on the creep features in
submicrocrystalline metals has been investigated
experimentally. The results obtained are presented
herein.

Energy, stresses and diffusion on the GBs in
submicrocrystalline and nanostructured metals.
The grain boundary is a planar defect of the crystal-
line structure. The equilibrium atomic bond lengths
in the GB core are different from those of the ideal
crystal lattice. However, only partial relaxation of
the GB atomic structure is allowed due to the con-
straints imposed by the neighboring grains. There-
fore, even if all of the atoms are in positions corre-
sponding with the minimal free energy, stresses
would arise in the system containing GBs. The ex-
cess stresses associated with the GBs are de-
scribed by the components of the 2D tensor of
stresses ταβ on the interface (e.g. GB) [236]:

τ σ σαβ αβ αβ= −
−∞

∞

z ( ) ,( )z dz0

 (6.1)

where the co-ordinate axis z is chosen along the
normal to the GB; σαβ(z) are the volume stress ten-
sor components dependent on the co-ordinate z;
σαβ

0  are the stresses concentrated in a grain far away
from the GB core where the GB effect is negligible.
The following equation relates the GB stresses to
the specific surface energy of the GB (γ) taken per
unit of GB area [236]:

τ γδ
∂γ

∂εαβ αβ

αβ

= + ,  (6.2)

where δαβ denotes the Kronecker delta function; the
partial derivatives are taken with respect to the strain
tensor components εαβ in the GB plane. Eq. (6.2)
relates explicitly the GB stress components, i.e.
the GB tension characterized by the specific sur-
face energy (γ) of the GB and the second term re-
lated to the variation in γ during the deformation.
Due to GB formation, the available energy would in-
crease: hence γ would always be positive in sign. No
constraints are imposed, however, on the sign of the
derivative ∂εαβ/∂εαβ and of the GB stresses. The quan-
tity τ=Σταα /2 (analog of pressure P =Σσ

ii
/3 for the

3D tensor of elastic stresses σ
ii
) is a scalar charac-

teristic of the GB stresses. In the presence of ten-
sile stresses with the GB area tending to reduce
elastically the stress τ would be positive in sign,
while in the presence of compressive stresses with
the GB area tending to increase elastically the stress
t would be negative in sign.

On the other hand, the GB stresses, while be-
ing a macroscopic quantity, are induced by the
atomic structural features and interatomic forces in
the GB core. Therefore, the GB stresses can be
related to the atomic structural features of the GB
using the excess GB volume δV, i.e. rigid-body dis-
placement of grains along the normal to the GB
plane, as a generalized characteristic of the GB on
an atomic scale level:

δV
V V

A

GB B=
−a f

,  (6.3)

where À is the GB area; V
B
 is the perfect crystal

volume; V
GB

 is the volume of bicrystal having the
same number of atoms.

The theoretical dependencies of δ and ∑ on ex-
cess volume δV are obtained using the calculated
values of the respective quantities as representa-
tive sample of high-angle symmetrical tilt GB in
model copper bicrystals. We used the well-known
model of bicrystal with rigid atom layers in direc-
tions normal to the GB, which bound the simulation
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cell, and periodic boundary conditions in the GB
plane [237]. The calculations were performed by the
molecular statics method at 0K and the embedded-
atom method (EAM) potential is used to describe
the atomic interactions in Cu [238,239]. In the EAM
framework the configuration energy E for a system
of atoms can be given as the sum of contributions
E

i
 of atoms i by the following relation

E E F R
i

i

i i ij ij

ji

= = +∑ ∑∑ RS
T

U
V
W

ρ
1

2
Φ b g ,  (6.4)

where ρ ρ
i i ji

j i

R=
≠

∑ ( )  is the superposition of atomic

densities ρ
j
(R

ji
) in the site of atom i for the rest of

the atoms in the system; F[ρ] is the embedding
function and Φ(R) is the pair potential as a function
of interatomic spacing R. Assuming the volume
stresses to become negligible far away from the
GB, the GB stress tensor is described by the fol-
lowing relation [240,241]

τ ρ
∂
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Here R
ij
= R

j
-R

i
 is the vector directed from site i to

site j and the primed term is the first derivative of the
embedding function with respect to the argument.

Fig. 6.1 illustrates the sample of high-angle sym-
metrical tilt GBs considered herein, the GB orienta-
tions corresponding with the graphic construction
proposed in [242]. As is seen from the figure, the
GBs considered are fairly uniformly spread over the
entire region of high-angle symmetrical tilt GBs in
the fcc crystal. Consideration was given to sample
of 33 GBs in Cu having reciprocal densities of coin-
cidence sites in the range Σ = 5 to Σ= 253, the GB
excess volumes varying in the interval of 0.06 to
0.34 Å.

Specific surface energies γ of GBs and GB
stresses τ have been calculated and the results are
presented in Fig. 6.2 as the excess volume func-
tion. As is seen from the figure, the specific surface
energy of GBs is an approximately linear function
of the excess volume, which is in good qualitative
agreement with the reported data [243]. The propor-
tionality factor is defined from the inclination of the
straight line γ(δV) to an accuracy of 9.9%; the value
obtained is equal to 1.28 (J/m2)/Å. The dependence
τ(δV) obtained for the GBs in Cu is also an approxi-

Fig. 6.1. A schematic of symmetrical tilt grain
boundaries (dark squares). ν and ϕ are the polar an
azimuthally angles at which the normal is directed
to the grain boundary plane.

mately linear one. The respective proportionality fac-
tor is determined to an accuracy of 8.5%, the value
obtained is equal to 9.85 (J/m2)/Å (Fig. 6.2b). It can
be concluded that the values t obtained for GB hav-
ing significant excess volume are 1.5 times as high
as the values γ. As is seen from Fig. 6.2b, the GBs
having insignificant excess volume are character-
ized by GB stresses that are negative in sign. Thus
it is stated that GB stresses differ from GB tension
in a qualitative sense since GB tension is deter-
mined by specific surface tension; hence it is nega-
tive in sign. The dependency τ(δV) illustrated in Fig.
6.2b has a negative final value in the range δV ≥ 0;
hence this can be only associated with high-angle
GBs.

By the treatment of the above dependence τ(δV )
one has to take into account the general features
exhibited by the atomic structure of high-angle GBs
in metals. A number of theoretical and experimen-
tal investigations have provided data on GBs on the
atomic scale level (see in review [232]). It is found
that the average atomic density within the GB is
lower than that of the crystal volume. (GB excess
volume is positive in sign). However, within the GB
core there occur pairs of atoms separated by a spac-
ing that is much less in comparison with the atomic
spacing within the ideal lattice. With due regard to
the specific features of GB atomic structure in met-
als, a plausible explanation can be offered for the
fact that the GB stresses would increase from nega-

→ → →

νsinϕ, deg

νcosϕ, deg
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tive values to values exceeding the specific surface
energies of the GBs (Fig. 6.2b). This may be attrib-
uted to the following two factors. On the one hand,
reduction in the average atomic density with a re-
sultant decrease in the average coordination num-
ber of atomic sites in the GB core brings about a
reduction in the average equilibrium bond length
within the GB relative to that of the grains.

The approximation in the EAM framework takes
into account the concurrent reduction in the aver-
age equilibrium bond length with decreasing coordi-
nation number, which is a specific feature of the
atomic interaction in metals to maintain bond order
[244]. However, the equilibrium bond length within
the GB stops short of reaching the average due to
the constraints imposed on the local atomic dis-
placement by the interaction with the atoms within

Fig. 6.2. The excess volume δV dependencies of
the calculated values of grain boundary energy γ(a)
and grain boundary stresses τ(b). The straight lines
in the figure are plotted on the base of linear ex-
trapolation by the least squares method.

the neighboring grains. Consequently, within the GB
there arise tensile (positive) stresses the level of
which increases with growing excess volume of the
GB (concurrent reduction in the average atomic
density within the GB).

On the other hand, the bonds between atoms in
close proximity would be contracted. Hence the
contribution of these atoms to the GB stresses is a
negative one, which determines the sign of stresses
on the GB with insignificant excess volume.

Thus, the estimates obtained for the GBs in Cu
suggest that both the GB stresses and the specific
surface energies of the GBs are growing linearly
with increasing GB excess volume. However, the
GB stresses arising on the GBs with insignificant
excess volume, as distinct from the specific sur-
face energies of the GBs, are negative in sign.

Thus the computational technique developed is
intended for (I) calculation of GB stresses and spe-
cific surface energies on the GBs in submicrocrys-
talline and nanostructured materials by assuming
the activation energy of GB diffusion to vary in pro-
portion to the GB specific energy per atom of the
GB core (atomic density per unit of GB area is as-
sumed to be equal to three atomic monolayers); (II)
correlation of GB diffusivities in coarse-grain,
submicrocrystalline materials and nanostructured
polycrystals produced by SPD, D

b
 and D

SPD
, respec-

tively. The relationship D
SPD

/D
b
=exp[∆E/(kT)] has

been established for Cu [245], where ∆Å is the dif-
ference between the specific energies of the GBs in
the submicrocrystalline and coarse-grain states as
determined from the theoretical dependence of GB
energy on GB excess volume. An analysis of this
relationship shows that the GB diffusivities in
submicrocrystalline metals exceed by a factor of
10 to 103 the respective values of the coarse-grain
counterparts.

Thus, the diffusivity estimates provided by the
computer-aided simulation of GB stresses and the
dependencies of specific surface energy of GB on
GB excess volume support the results of direct
methods which suggest that the effective diffusivities
derived for submicrocrystalline materials are by sev-
eral orders higher relative to the respective coarse-
grain counterparts.

The effect of GB state on the creep in bulk
submicrocrystalline metals. A comparative study
was made of the creep in submicrocrystalline and
coarse-grain metals [10, 246, 247]. It has been found
that the creep behavior of submicrocrystalline met-
als exhibits a distinctive feature in the temperature
interval Ò < 0.3 Ò

melt
 (Ò

melt
 is melting point), i.e. the
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apparent activation energy of creep, Q
ñ
, decreases

by 1.5 - 2 times relative to the respective coarse-
grain counterparts, which might be due to the grow-
ing contribution of grain boundary sliding (GBS) to
the total deformation. It is known [248] that the at-
tainment of superplastic state and grain refinement
in superplastic alloys causes a changeover in the
deformation mechanisms from processes involving
dislocation slip in the grain bulk to GBS mecha-
nisms. The apparent activation energy for the creep,
Q

c
, in this case decreases from values approxi-

mately equal to the activation energy for bulk self-
diffusion, Q

v
, which controls the processes of climb

of lattice dislocations to values close to the activa-
tion energy for grain-boundary diffusion, Q

b
, which

controls the processes of GBS [235]. It has been
found [227] that the contribution of GBS to the total
deformation during the creep of coarse-grain poly-
crystalline material can be increased without grain
refinement. This is achieved by translating the GBs
into a nonequilibrium (high-energy) state by gener-
ating grain-boundary diffusion fluxes of impurity at-
oms from an external source. In this case, Q

c 
also

decreases to become close to values correspond-
ing to grain-boundary diffusion.

Thus the creep behavior of submicrocrystalline
metals produced by SPD is found to exhibit distinc-
tive features, which might be attributed to two fac-
tors, i.e. GB state and grain size. This led to at-
tempts to define the extent to which each of these
two factors affects the mechanisms involved in the
creep of submicrocrystalline metals [249].

When annealing treatment is performed at tem-
peratures below the recrystallization temperature
[10], this causes relaxation of elastic strains and
reduction in the density of defects, especially on
the GBs and in the near-GB regions with resultant
changes in the state of faulted metal structure. The
processes involving recovery of structure, recrystal-
lization and formation of elastic stresses can be
controlled using reliable methods, e.g. transmission
electron microscopy in conjunction with optical
metallography, as well as investigations of tempera-
ture dependencies of microhardness and electrical
resistivity [249]. Fig. 6.3a illustrates the tempera-
ture dependence of electrical resistivity. As is seen
from the figure, the processes of recovery start op-
erating in submicrocrystalline Ni even in the tem-
perature interval 373-573K, with recrystallization
being completed in submicrocrystalline Ni and Cu
at 673K and 573K, respectively.

When the annealing is carried on in the tem-
perature range of 398-548K, no marked changes

Fig. 6.3. Dependence on the temperature of a pre-
liminary annealing of (a) microhardness (curve 1)
and electrical resistivity (curve 2) and (b) grain size
d (curve 1and curve 2) and effective activation en-
ergy for creep Q

c
 of submicrocrystalline nickel

(curve 3).

are found to occur in the worked material structure
with the grain size remaining the same as deter-
mined by electron microscopy. However, after an-
nealing at 523 and 548K, the number of grain bound-
aries with fringe contrast increases to 10-20% and
the extinction contours inside grains surrounded by
such boundaries vanish. This is evidence for the
development of stress relaxation processes on such
GBs in a material whose grain size remains un-
changed. After annealing at 573K, the material grain
size in isolated material regions increases up to
0.4-0.8 µm. The samples subjected to annealing at
573-673K undergo recrystallization. Materials with
such structure are characterized by a bimodal dis-
tribution of grain sizes. After annealing at 673K, the
grain size distribution is close to a normal logarith-
mic one. The dependence of average grain size on
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annealing temperature obtained for submicrocrys-
talline Ni is displayed in Fig. 6.3b (curves 1 and 2).

Fig. 6.3b (curve 3) shows the dependence of ef-
fective activation energy for creep, Q

c
, on the pre-

liminary annealing temperature which was obtained
for submicrocrystalline Ni. As is seen from the fig-
ure, the quantity Q

c
 obtained for submicrocrystalline

Ni in the as-received state and after the annealing
at T < 523K has a significantly lower value relative
to the coarse-grain counterpart (115±15 and 276 kJ/
mol, respectively). It should be noted, however, that
the exponent n for the stress index in the stress
dependence of steady-state creep rate obtained for
submicrocrystalline Ni (after annealing at 398K) is
slightly higher relative to the respective value ob-
tained for the coarse-grain counterpart (n ~ 9 and n
~ 7, respectively) [250]. After annealing at T > 473K,
the value Q

c
 begins to increase. At an annealing

temperature of 673K the recrystallization of struc-
ture is completed and the value Q

c
 becomes equal

to 270±10 kJ/mol, which is close to the apparent
activation energy for creep in coarse-grained Ni.

Thus, the above experimental results indicate
that the variation in the apparent activation energy
as a function of preliminary annealing temperature
observed during creep in submicrocrystalline Ni
exhibits two distinctive features. First, the value Q

c

observed for submicrocrystalline Ni decreases by a
factor of 2.5 relative to the coarse-grain counterpart.
Second, the value Q

c
 tends to grow significantly af-

ter annealing in the temperature range of 473-573K,
while the average grain size remains practically the
same.

It is known that during the creep of coarse-grain
Ni under the conditions specified herein the main
processes involved in the deformation are those of
intragranular dislocation slip controlled by volume
self-diffusion with the apparent activation energy for
creep being close to that for volume self-diffusion,
Q

v
 [250]. The values Q

c
 obtained for submicrocrys-

talline (SMC) Ni were matched against the avail-
able data on the activation energy Q

v
 of volume self-

diffusion observed in coarse-grained Ni (284 kJ/mol)
and the activation energy for grain-boundary diffu-
sion, Q

b
, in submicrocrystalline Ni (60.2 kJ/mol

[11,233]. It has been found that the value of the ap-
parent activation energy of creep for SMC nickel is
much lower than Q

v
 but twice as great as Q

b
. This

suggests that during the creep in submicro-crystal-
line Ni under the experimental conditions specified
herein two mechanisms of deformation are opera-
tive: intragranular dislocation slip controlled by vol-
ume diffusion and GBS controlled by grain-bound-

ary diffusion. The contributions of intragranular dis-
location slip and GBS are approximately the same.
It might be for this reason that the value Q

c
 obtained

for submicrocrystalline Ni is lower than the activa-
tion energy for volume diffusion and significantly
greater than the activation energy for grain-bound-
ary diffusion observed for the same material.

It is found [251] that the contribution of GBS to
the total deformation is likely to be significant in
submicrocrystalline metals at relatively low tempera-
tures. Thus in the tensile Cu samples it amounted
to 20% at room temperature. The GBS processes
are operative during the creep of nanocrystalline Ni
samples investigated herein, including those sub-
jected to preliminary annealing at 398K, which is
evidenced by the presence on the polished sample
surface of distinct steps associated with shear along
the grain boundaries at  T ≤ 423K [249]. It is rea-
sonable to assume that at higher temperatures the
process of GBS also contributes essentially to the
total deformation during creep. The significant con-
tribution of GBS to the total deformation by the ac-
tive tension and during the creep of submicrocrys-
talline materials appears to be related to two fac-
tors: the nonequilibrium (high-energy) state of grain
boundaries that are formed as a result of SPD and
the small grain size (a few tens of microns) [10].
The increase in the creep activation energy observed
for submicrocrystalline Ni [248] subjected to a pre-
liminary annealing at 473-573K, with the grain-size
remaining unchanged, can be related to the transi-
tion of the GBs from nonequilibrium to equilibrium
state and to the resulting decrease in the contribu-
tion of GBS to the total deformation during creep.
Upon increasing the annealing temperature, Q

c
 con-

tinues to grow to become equal to the activation
energy of bulk self-diffusion due to recrystallization
and grain growth. As a result, the contribution of
GBS to the total deformation becomes less signifi-
cant and in the temperature interval investigated the
processes of intragranular deformation become pre-
dominant involving dislocation motion controlled by
volume self-diffusion [251].

The computer simulation studies of the grain
boundaries in Cu and Ni suggest that both the
stresses and the specific surface energy of the grain
boundary grow linearly with increasing excess vol-
ume of the grain boundary. However, the stresses
on the grain boundaries having insignificant excess
volume are negative in sign as distinct from the spe-
cific surface energy of the grain boundary. The
stresses on the grain boundaries having significant
excess volume are positive in sign and their magni-
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tude is almost twice that of the specific surface
energy of the grain boundary. The grain boundary
diffusivities in Cu have been estimated on the base
of investigations of the theoretical dependence of
grain boundary stresses and specific surface en-
ergy on the grain boundary excess volume. The re-
sults obtained support the data yielded by direct
methods which suggest that the effective diffusivities
in submicrocrystalline metals exceed by a few or-
ders the corresponding values obtained for their re-
spective coarse-grain counterparts.

As a result of preliminary isothermal heat treat-
ment of submicrocrystalline material, the nonequilib-
rium grain boundaries in the treated material pass
to an equilibrium state, with the grain size remain-
ing in the micron range. This causes a significant
increase in the apparent activation energy of creep,
which may be attributed to the contribution of grain
boundary sliding to the total deformation becoming
less due to the enhanced resistance to shear over
the equilibrium grain boundaries relative to the non-
equilibrium grain boundaries. As the temperature of
preliminary anneals increases and approaches the
temperature of recrystallization (~ 673Ê), the acti-
vation energy of creep also tends to grow to be-
come equal to the activation energy of volume self-
diffusion, e. g. in coarse-grain crystalline Ni. At el-
evated temperatures, the creep in this material is
controlled by the motion and climb of dislocations,
the contribution of grain boundary sliding being neg-
ligible.

6.2. Structure recovery and diffusion
in nonequilibrium GBs in
nanomaterials

Kinetics of grain boundary recovery in
nanomaterials. As a consequence of the absorp-
tion of lattice dislocations during the preparation of
nanomaterials by SPD, GBs transform into a non-
equilibrium state that is characterised by long-range
stresses and excess elastic energy. It is consid-
ered that these GBs largely determine many prop-
erties of nanomaterials [4, 252]. At high tempera-
tures the nonequilibrium state of GBs is unstable. It
evolves to form an equilibrium dislocation structure
from extrinsic grain boundary dislocations (EGBDs).
This process of relaxation of nonequilibrium grain
boundary structure is referred to as grain boundary
recovery. The kinetics of grain boundary recovery is
of a particular importance for the structural stability
of nanomaterials and their diffusion and mechanical
properties at intermediate and high temperatures.

According to the recent model of GBs in nano-
materials, junction disclinations and arrays of glid-
ing EGBDs constitute two main components of the
nonequilibrium GB structure [253]. The disclinations
are coupled into screened configurations such as
disclination dipoles or quadrupoles, or higher order
multipoles [168]. A model of the relaxation of
disclination dipoles has been proposed recently
[254]. According to this model, dislocations com-
posing a disclination dipole tend to leave the host
boundary through junctions under the influence of
their repulsive interactions. To let the dislocations
leave the boundary, a dislocation splitting reaction
must occur in the junctions. If the dihedral angle
between neighbouring boundaries is more than 90°,
that is typical for real polycrystals, a dissociation
into two dislocations with Burgers vectors parallel
to neighbour boundary planes will be energetically
favoured. The dislocations resulted from this disso-
ciation can glide on corresponding boundaries un-
less they meet EGBDs of opposite sign gliding from
neighbour junctions and annihilate. When one dis-
location leaves the boundary through the junction
and annihilates by this way, the next dislocation of
the disclination dipole approaches the junction by
climb and the process described above is repeated.
As the climb of EGBDs is the slowest process, it
will control the whole GB recovery process.

The relaxation of a disclination quadrupole, which
is the most common defect in deformed polycrys-
tals has been considered elsewhere [255].

Consider two finite walls of sessile EGBDs shown
in Fig. 6.4. This pair of walls is equivalent to a qua-
drupole of disclinations located on grain junctions
(Fig. 6.5). The disclination quadrupole is character-
ized by three parameters: strength Ω and two arms
that in the most general case have different values
a

1
 and  a

2
 [256]. Normally, both the strength and

arms of disclination quadrupoles may vary during
relaxation. An increase of the arms without a sup-
ply of dislocations leads to a decrease of the strength
of the quadrupole, as the total Burgers vector of dis-
locations composing the quadrupole is conserved.

In the present case the arms of the quadrupole
are fixed to distances between the triple junctions,
and its relaxation can only occur by a decrease of
the strength, due to the loss of constituent disloca-
tions through the triple junctions. We will consider
a simple geometry of the model polycrystal such
that the arms of the disclination quadrupole are equal:
2a

1
=2a

2
=2a=L. Taking another geometry will change

the final result by a factor of the order of unity. Let
the initial value of the strength of the quadrupole be
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Fig. 6.4. A model for the relaxation of a system of discrete sessile EGBDs. Arrows indicate on the direction
of dislocations� motion.

Fig. 6.5. A disclination quadrupole equivalent to a
pair of EGBD walls represented in Fig. 6.4.

equal to Ω
0
=b/h

0
, where b is the Burgers vector of

dislocations and h
0
 is their initial spacing. It is as-

sumed that in the initial state dislocations are dis-
tributed equidistantly along boundaries. Moreover,
dislocations lying on the opposite boundaries are
coupled into dipoles as shown in Fig. 6.4. When
the temperature is raised, the dislocations climb to
junctions under interaction forces. Leading disloca-
tions of the walls can leave the boundaries if a dis-
location reaction at the junctions occurs. As a re-
sult of this reaction, sessile dislocations 1 and 2

split into gliding dislocations 3, 4 and 5, 6, respec-
tively. This splitting is energetically favored when
the dihedral angle between boundaries on which
dislocations 3 and 4 glide is obtuse. Further, the
dislocations 3, 4 and 5, 6 can easily leave the junc-
tion by glide. In general, glide motion of EGBDs
with a tangential Burgers vector may also require
GB diffusion, as a step is associated with these
EGBDs. However, a transformation of the steps can
occur by local diffusion near the EGBD cores, thus
the glide of EGBDs from the junctions are not ex-
pected to influence significantly the kinetics of re-
laxation. Calculations show that, if the dihedral angle
between boundaries is obtuse, the forces acting on
dislocations 3,4 and 5,6 repel them from the junc-
tion. If dislocations 4 and 5 do not annihilate some-
where in the middle of corresponding boundaries
and reach the neighbor junctions, an energetically
favored recombination reaction is possible as a con-
sequence of which a gliding dislocation 7 forms.
The latter can glide along a boundary unless it anni-
hilates with a dislocation of opposite sign or further
continue its motion through the next junction and
so on. Thus, dislocations 1 and 2 can be excluded
from consideration. When an EGBD leaves the
boundary at each junction, the quadrupole strength
decreases by b/a, where a=L/ 2, and L is the length
of the boundary. After the loss of one dislocation
the next dislocation approaches the junction to con-
tinue the relaxation process. It is clear from this
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model that the relaxation of a disclination quadru-
pole is controlled by the climb of EGBDs to the
triple lines, moreover the arm of the quadrupole is
kept constant and equal to the length of the bound-
ary.

Consider the two discrete dislocation walls depicted
in Fig. 6.4. Let the walls contain N=2n dislocations
with ordinates y

±i
=±h

0
/2, ±3h

0
/2,...±(2n-1)h

0
/2. In view

of symmetry of the system, the motion equations
for dislocations can be written only for one wall ly-
ing in the zOy plane (Fig. 6.4). It is necessary to
take into consideration, however, that the motion of
dislocations in wall 1 occurs not only in the stress
field of (2n-1) dislocations of this wall, but also in
the stress field of 2n dislocations of wall 2. Let the
separation of the walls be L=2a. The normal stress
acting on the i-th dislocation is written as
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where b is the Burgers vector magnitude of EGBDs,
y

k
 is the ordinate of k-th dislocation. The disloca-

tion motion is simulated according to equations
[255]
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When every next dislocation approaches the
bottom and upper junctions, it is excluded from con-
sideration and n is decreased by 1. Hence the ratio
dΩ/Ωdt can be calculated from the time interval ∆t
in which two neighbor dislocations successively ap-
proach a junction. For any time moment the current
quadrupole strength is equal to Ω = b/h, where h =
L/2n=a/n is an average distance between disloca-
tions. That is, Ω =2nb/L. As a consequence of a
loss of one dislocation from each junction, the
quadrupole's strength decreases by an amount
∆Ω = 2b/L=b/a. Therefore, the relative relaxation
rate is defined as  dΩ/Ωdt=∆Ω/Ω∆t=1/n∆t. For a
numerical integration of Eq. (6.7) a second-order
Runge-Kutte method has been applied. Plots of the
dependence of dΩ/Ωdτ on the number of EGBDs
remaining in the dipole, n, are shown in Fig. 6.6.

 (6.6)

Here the time is normalized as follows: τ = [4δD
b
GV

a
/

(1-ν)kTL3]t. These curves are qualitatively similar to
the curves obtained elsewhere [254], but there are
quantitative differences. Particularly, the stationary
value of dΩ/Ωdτ is approximately equal to 6.5 (in
the case of dipole dΩ/Ωdτ ≈ 8 [254]). Thus, one ob-
tains the following equation for the relaxation of
disclination quadrupole strength:
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where it is taken into account that for the chosen
model of a polycrystal L ≈ d/2, d is the grain size,
and it is assumed that ν = 0.35. From Eq. (6.8) it
follows that a disclination quadrupole relaxes simi-
larly to a dipole according to an exponential law
Ω(t)=Ω

0
exp(-t/t

s
) with a characteristic relaxation time

roughly   longer than the characteristic relaxation
time for the dipole:

t
kTd

D GV
s

b a

=
3

100δ
.  (6.9)

Calculations have shown [255] that the excess en-
ergy of the GBs due to disclination quadrupoles
obeys the same exponential law of relaxation

Fig. 6.6. The plots of a dependence of the relative
relaxation rate of a junction disclination quadrupole
on the current number of EGBDs:  (curve 1),  (curve
2),  (curve 3), and (curve 4).
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with a characteristic time equal to
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A study of the relaxation of the second main com-
ponent of nonequilibrium GB structure, arrays of
gliding EGBDs, shows that the average Burgers vec-
tor density of these EGBDs β also decreases by an
exponential law with a characteristic time very simi-
lar to that given by Eq. 6.11. Therefore, Eq. (6.11)
can be considered as a general equation which gives
the characteristic time for grain boundary recovery.

As one can see from Eq. (6.11), the GB recov-
ery time decreases with a decrease of the grain
size. Therefore, structural transformations in
nanomaterials will occur much faster than in coarse-
grained polycrystals.

The results obtained can be compared to ex-
perimental data reported on samples of
submicrocrystalline Cu prepared by severe plastic
deformation [27]. These authors observed a signifi-
cant relaxation of the GB structure and elastic
moduli after 1 hour annealing of the samples at
T=398K. A calculation of the characteristic relax-
ation time from Eq. (6.11) using the values of mate-
rial parameters for Cu (δD

b
=2.35.10-14exp(-107200/

RT) m3/s [257], G=5.104 MPa, V
a
=1.18.10-29 m3)

yields t
0
=60 min. This is in very good agreement

with the experimental data.

Relationship between the grain boundary dif-
fusion and grain boundary recovery. Eq. (6.11)
shows that the time of GB recovery depends on the
GB diffusion coefficient. In turn, the GB recovery
influences the GB diffusion since nonequilibrium
GBs have a higher diffusion coefficient. This interre-
lationship is very important for understanding of the
particularities of GB diffusion in nanocrystals and
for a correct processing of experimental data on this
characteristic.

Direct measurements of the coefficient of grain
boundary diffusion D

b
 in nanocrystalline materials

lead to contradictory results. The first investigations
demonstrated that, for nanocrystals prepared
through condensation in a gas with subsequent com-
paction of the powder, the diffusion coefficient is
many orders of magnitude greater than the coeffi-
cient of grain-boundary diffusion in the materials
having a standard grain size [258]. As a result, even

the averaged diffusion coefficient for nanocrystals
turns out to be larger than the coefficient D

b
 for usual

materials. The activation energy of grain-boundary
diffusion in nanocrystals, as a rule, is approximately
equal to half the activation energy in coarse-grained
materials and is close to the activation energy of
surface diffusion [258]. More recent studies revealed
that this effect is most likely associated with the
porosity of nanocrystalline samples, which was
found to be equal to 10% and greater [259]. For
nanocrystals with a density close to that of the crys-
tal, the diffusion coefficient at nanocrystal bound-
aries proved to be equal or somewhat greater than
the diffusion coefficient at usual grain boundaries
[259,260]. However, in submicrocrystalline nickel
with a grain size of about 300 nm and a density
approximately equal to that of the crystal, the coef-
ficient of copper grain boundary diffusion in the tem-
perature range 398 � 448K is four or five orders of
magnitude larger than the diffusion coefficient de-
termined from extrapolating the data for coarse-grain
nickel in the high-temperature range [11]. Prelimi-
nary annealing of submicrocrystalline nickel at a
temperature of 623K leads to the complete disap-
pearance of the effect of an increase in the diffusion
coefficient. From the aforesaid, it follows that the
coefficient of grain-boundary diffusion in nanocrystals
depends primarily not on the grain size but on the
structure of the grain boundaries that exist in a
nonequilibrium state in the as-prepared samples.
The diffusion coefficient for nonequilibrium grain
boundaries can exceed the diffusion coefficient for
equilibrium grain boundaries. Possible mechanisms
leading to this effect have been discussed recently
(see, for example, [261,262]). Direct experimental
measurements of the diffusion coefficient, as a rule,
are carried out at sufficiently high temperatures in
order to provide appreciable penetration of the
diffusant into the studied material. Under these con-
ditions, the nonequilibrium structure of the grain
boundaries undergoes relaxation due to grain-bound-
ary diffusion. The relaxation is accompanied by a
gradual decrease in the grain-boundary diffusion
coefficient. Thus, the actual diffusion experiment with
nanocrystals is necessarily accomplished with a
time-dependent diffusion coefficient. This can sub-
stantially affect the experimentally measured diffu-
sion coefficient.

The GB diffusion equation with time-dependent
coefficient was solved and experimental data on GB
diffusion in nanocrystals were analyzed in terms of
this solution [263].
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In order to estimate the diffusion coefficient at
nonequilibrium grain boundaries characteristic of the
structure of as-prepared nanocrystals, Borisov�s
relationship [264] is used:

D D
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kT
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ne

b

eq= F
H
I
K

exp ,
∆

 (6.12)

where D
b
ne and D

b
eq are the diffusion coefficients along

nonequilibrium and equilibrium grain boundaries,
respectively, and ∆E is the excess energy of
nonequilibrium grain boundaries per atom. The ex-
cess energy of nonequilibrium GBs depend on time
according to Eq. (6.10).

If one assumes that the gradient of the diffusant
concentration is directed along the x axis lying in
the plane of the grain boundary, taking into account
Eqs. (6.10) and (6.11), the diffusion equation can
be represented in the following form
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This equation can be solved by changing the vari-
ables:
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As a result, we obtain a standard diffusion equa-
tion,
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2
.  (6.15)

For diffusion in regime �C�, which is characterized
by the absence of migration of the diffusant from
the boundaries into the grains and is most com-
monly used to measure the grain-boundary diffu-
sion coefficient in nanocrystals, the solution to Eq.
(6.15) takes the form
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As a rule, the experimental diffusion coefficient is
determined by fitting the concentration profiles for
diffusant obtained by either radio-tracer method or
secondary ion spectroscopy. Concentration profiles

are usually plotted in terms of the dependence of
the diffusant concentration on the square of diffu-
sion depth at a time corresponding to the time of
diffusion annealing. It follows from Eq. (6.16) that,
upon changing over from the variable τ to the vari-
able t, the dependence of the concentration on the
depth does not alter qualitatively. Consequently, the
time dependence of the diffusion coefficient does
not affect the functional form of the concentration
profiles. However, from the analysis of the experi-
mental profiles constructed in the c � t coordinates,
we can determine the effective diffusion coefficient
satisfying the condition τD

b
eq=D

ef
t, that is,

D

D

t

t

ef

b

eq
=

τ( )
.  (6.17)

The dependence of the ratio τ(t)/t on t is shown
in Fig. 6.7. As an example, the ratio at the initial
moment of time is chosen equal to 100. Let us now
consider two limiting cases. In the first case, the
diffusion experiment is performed under the condi-
tion that the time of annealing is considerably longer
than the time of relaxation: t >> t

0
. This becomes

possible at a sufficiently high temperature of an-
nealing. Hence, we have τ ≈ t and the measured dif-
fusion coefficient coincides with the diffusion coeffi-
cient at the equilibrium grain boundaries: D

ef
≈ D

b
eq.

In the second case t<<t0, we obtain τ ≈ exp(E0/
kT)t>>t. This situation can occur in short-time an-
nealing at low temperatures. Under these conditions,
the effective diffusion coefficient exceeds the diffu-
sion coefficient at the equilibrium grain boundaries
by several orders of magnitude. In the range be-
tween the limiting cases, the time of annealing is of
the same order of magnitude as the time of relax-
ation and an increase in the temperature (or in the
time of diffusion annealing) leads to a gradual de-
crease in the ratio D

b
ne/D

b
eq. It can be seen from Fig.

6.7 that, at D
b
ne/D

b
eq =100, the effective diffusion co-

efficient exceeds the value of Db
eq by approximately

one order of magnitude even after a lapse of time
3t

0
. Therefore, the measured diffusion coefficient sub-

stantially depends on the time of diffusion anneal-
ing; i.e., the shorter the time of diffusion annealing,
the larger the effective diffusion coefficient. In order
to determine the intrinsic diffusion coefficient Db

eq it
is necessary to perform the diffusion annealing for a
time considerably longer than t

0
.

The above behavior of the diffusion coefficient is
confirmed by the experimental data. For example,
the measured coefficient of grain-boundary self-dif-
fusion in nanocrystalline iron with a grain size d =
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19�38 nm decreases by one order of magnitude in
the case when the time of diffusion annealing at the
same temperature (473K) increases from 1.5 h to 3
days [265]. In submicrocrystalline nickel, the cop-
per diffusion coefficient decreases by three orders
of magnitude after annealing at a temperature of 523K
[11]. The disagreement between the available ex-
perimental data can be explained to some extent in
terms of the time dependence of the effective diffu-
sion coefficient considered above. Table 6.1 presents
the calculated relaxation times   for the
nonequilibrium structure of the grain boundaries in
comparison with the times of diffusion annealing used
in the experiments.

It is evident from the table that, in the measure-
ments performed with nanocrystalline palladium and
iron, the diffusion annealing over the entire tempera-
ture range covered was carried out during a period
of time considerably longer than the time of relax-
ation. Under these conditions, the effective diffusion
coefficient is close to the coefficient   which is ob-
served in the experiment. On the other hand, three-
hour annealing is obviously not sufficient for relax-
ation of grain boundaries in nickel and the effective
diffusion coefficient in submicrocrystalline nickel
substantially exceeds the diffusion coefficient .

The grain boundary recovery occurring simulta-
neously during the diffusion experiment causes an-
other significant effect, namely a drastic decrease
in the apparent activation energy of diffusion. Ac-

Fig. 6.7. Time dependence of the ratio  characteriz-
ing the relative increase in the diffusion coefficient.

Fig. 6.8. Temperature dependences of the diffusion
coefficient for (1) equilibrium grain boundaries at high
temperatures, (2) nonequilibrium grain boundaries
at low temperatures, and (3) nonequilibrium grain
boundaries at intermediate temperatures.

Table 6.1. Characteristic relaxation times of
nonequilibrium grain boundaries in comparison with
the annealing times in measurements of the diffu-
sion coefficient of nanocrystals.

Metal d, T, D
b
, t

0
, t

d
,

nm K m2/s h h

Pd 100 430 2.10-21 15 240
577 1.10-18 0.04 48

Ni 300 398 6.10-21 80 3
448 3.10-19 1,8 3

Fe 25 450 1.10-22 3 386
500 1.10-20 0.03 1.5-69

cording to Eq. (6.12), the activation energy of diffu-
sion decreases by ∆E; consequently, the activa-
tion energy of diffusion at the grain boundaries ap-
pears to be ∆E

b
-E. Fig. 6.8 depicts the dependences

lgD
b
-1/T with activation energies E

b
 (straight line 1)

and E
b
-∆E (straight line 2). As the temperature in-

creases, the temperature dependence of the diffu-
sion coefficient is represented first by branch 2 and
then (after the complete relaxation of the grain bound-
aries) by branch 1. At intermediate temperatures
and times of annealing, the relaxation decreases
the diffusion coefficient at nonequilibrium grain bound-
aries as compared to that represented by branch 2
and the actual dependence deviates downward along
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curve 3. The slope of this branch is less than that of
branch 2. Therefore, the diffusion activation energy
measured in the experiment should be less than
the value of E

b
-∆E. This can explain the fact that

the measured activation energy of grain-boundary
diffusion in nanocrystals is approximately half that
for usual polycrystals. In the case when the time of
diffusion annealing is chosen without regard for the
relaxation time t

0
 and is identical for all the tem-

peratures studied above, we cannot rule out the pos-
sibility that the diffusion coefficient exhibits an
anomalous behavior when portion 3 in Fig. 6.8 has
a negative slope, i.e., when the apparent activation
energy of diffusion is negative.

6.3. Emission of lattice dislocations
from grain boundaries in
nanocrystalline materials

Nanocrystalline materials fabricated by severe plas-
tic deformation methods are characterized by the
specific structural features including a non-equilib-
rium (highly defective) state of grain boundaries, the
absence of fabrication-produced flaws, and the range
of grain size d from tentatively 50 to 100 nm; see,
e.g., [4,266,267] and previous sections of this re-
view article. The structural features are responsible
for the outstanding mechanical properties of such
nanocrystalline materials showing very high strength
and hardeness [4,266,267]. At the same time, most
nanocrystalline materials synthesized by severe
plastic deformation and other methods (compaction
of nanoparticles, electrodeposition, etc.) exhibit low
tensile ductility. This property essentially limits prac-
tical utility of nanocrystalline materials. However, in
recent years, several examples of substantial duc-
tility and even superplasticity of nanocrystalline
materials (Ni, Ni

3
Al, Al- and Ti-based alloys) fabri-

cated by severe plastic deformation have been re-
ported [8,127,268-272]. These examples are very
intriguing, because materials characterized by both
high strength and enhanced ductility are highly de-
sired for numerous structural applications. To fabri-
cate simultaneously superstrong and ductile
nanocrystalline materials of various chemical com-
positions, knowledge on fundamental mechanisms
of plastic deformation in the nanocrystalline matter
is needed. At present, though there are many ex-
perimentally documented facts, computer simula-
tions and theoretical models of plastic deformation
in nanocrystalline materials, its mechanisms and
their sensitivity to the nanostructure and material
parameters are under discussion; see, e.g., [273-
279]. In this section, we briefly discuss theoretical

representations on deformation mechanisms oper-
ating in nanocrystalline materials fabricated by se-
vere plastic deformation and analyze the role of dis-
location emission processes in achievement of duc-
tility in such materials.

In general, the following deformation mecha-
nisms are viewed to operate in nanocrystalline ma-
terials fabricated by various techniques [273-279]:
· lattice dislocation slip;
· twin deformation conducted by partial disloca-

tions emitted from GBs;
· GB sliding;
· rotational deformation occurring via movement of

GB disclinations;
· GB diffusional creep (Coble creep) and triple junc-

tion diffusional creep modes.
Contributions of these mechanisms to plastic flow
in a nanocrystalline sample strongly depend on its
structural, loading and material parameters. In do-
ing so, the grain size d serves as the basic struc-
tural factor influencing the action of deformation
mechanisms in nanocrystalline materials. Thus, the
lattice dislocation slip is treated to be dominant in
nanocrystalline materials with intermediate grains
having the size d in the range from d

c
 to 100 nm,

where the critical grain size d
c
 is around 10-30 nm

and value of 100 nm is by definition the upper limit
of grain sizes for nanocrystalline materials; see, e.g.,
[280]. In particular, it is the case of nanocrystalline
materials fabricated by severe plastic deformation,
because they commonly have grain sizes ranging
from 50 to 100 nm [4,266,267].

The lattice dislocation slip is the dominant de-
formation mode in conventional coarse-grained ma-
terials where its carriers � perfect lattice disloca-
tions � are generated and storaged in the form of
dislocation cells/subgrains in large grain interiors
during plastic deformation. In contrast, lattice dislo-
cations are not intensively storied in grain interiors
in deformed nanocrystalline materials with interme-
diate grains. The deformation behavior of these
materials is crucially affected by GBs operating as
active sources and sinks of lattice dislocations [281].
More precisely, GBs serve as the lattice disloca-
tions sinks, in which case lattice dislocations are
absorbed at GBs and transformed into �extrinsic�
GB dislocations (Fig. 6.9). Also, GBs serve as the
lattice dislocation sources, in which case lattice
dislocations are emited from GBs due to their struc-
tural transformations (Fig. 6.9).

For instance, experiments [272,282] are indica-
tive of the emission of perfect lattice dislocations
from grain boundaries. Experimental data [283-286]
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Fig. 6.9. Plastic deformation in nanocrystalline
materials with intermediate grains involves intense
emission of lattice dislocations from grain bound-
aries and absorption of lattice dislocations by grain
boundaries.

give evidence for the emission of partial lattice dis-
locations from grain boundaries. In these circum-
stances, both the lattice dislocation emission from
grain boundaries and, in general, evolution of dislo-
cations at grain boundaries essentially influence
plastic deformation processes in nanocrystalline
materials with intermediate grains [281]. In particu-
lar, evolution of dislocations at grain boundaries cru-
cially affects the level of the flow stress in deformed
nanocrystalline materials with intermediate grains.
In doing so, absorption of lattice dislocations by GBs
and their transformations into �extrinsic� GB dislo-
cations (Fig. 6.9) provides an increase in the den-
sity of immobile dislocations at grain boundaries.

This increase leads to the strengthening of a
material during plastic deformation, because immo-
bile dislocations elastically interact with mobile dis-
locations and thereby hamper their movement. Both
the annihilation of grain boundary dislocations and
emission of lattice dislocations by GBs (Fig. 6.9)
commonly provide a decrease in the density of im-
mobile dislocations at grain boundaries and thereby
give rise to the softening (recovery) of a material
during plastic deformation. Following Wang and Ma
[281], after some initial stage of deformation, the
above competing factors � strengthening and soft-
ening � reach equilibrium. That is, a steady state is
realized in which the increase in the GB dislocation
density is completely compensated by the corre-

sponding decrease. The steady state is character-
ized by tentatively constant values of both the mean
dislocation density at GBs and flow stress. A ma-
terial characterized by a tentatively constant flow
stress under tensile mechanical load commonly
shows plastic flow localization in shear bands, which
is followed by the macroscopic necking and failure.
As shown in a lot of experiments, this deformation
behavior is typical for most nanocrystalline materi-
als with intermediate grains; see [281] and refer-
ences therein.

Recently, however, several groups have reported
substantial tensile ductility and even superplastic-
ity of nanocrystalline materials fabricated by severe
plastic deformation and other methods [8,127,268-
272,281,282,287-292]. In the case of nanocrystalline
materials fabricated by severe plastic deformation,
the action of plastic deformation mechanisms has
its specific features that can serve as a basis for
achievement of tensile ductility. First, a good ten-
sile ductility is exhibited by nanocrystalline materi-
als deformed at low temperatures [281,282]. In this
situation, recovery processes associated with both
the GB dislocation annihilation and emission of lat-
tice dislocations by GBs are suppressed and do
not compensate the strengthening associated with
lattice dislocation absorption at GBs. As a result, a
nanocrystalline sample under low temperature de-
formation can show good ductility due to the strength-
ening that prevents plastic flow localization.

Second, a good tensile ductility can be exhib-
ited by nanocrystalline materials characterized by
positive strain rate sensitivity of the flow stress. It
means that a local increase of the plastic strain
rate in a region where plastic flow is localized leads
to a local increase of the flow stress in this region.
As a corollary, the plastic flow localization is ham-
pered and the neck formation is suppressed in
nanocrystalline materials characterized by the posi-
tive strain rate sensitivity. Commonly the positive
strain rate sensitivity occurs due to viscous plastic
flow [272,293]. In this context, plastic flow charac-
terized by the positive strain rate sensitivity can
occur in nanocrystallie materials fabricated by se-
vere plastic deformation through viscous plastic flow
mechanisms conducted by non-equilibrium (highly
defective) grain boundaries in such materials.

In order to achieve a good tensile ductility in a
nanocrystalline material, it is crucially important to
suppress brittle failure processes initiated by nucle-
ation of nanocracks at local stress concentrators.
In the context discussed, let us briefly consider the
effects of both annihilation of grain boundary dislo-
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cations and emission of lattice dislocations by grain
boundaries in nanocrystalline materials fabricated
by severe plastic deformation. As noted above, both
the dislocation annihilation and emission of lattice
dislocations by grain boundaries (Fig. 6.9) provide
a decrease in the density of immobile grain bound-
ary dislocations and thereby give rise to the soften-
ing (recovery) of a material during plastic deforma-
tion. In doing so, the annihilation processes involve
dislocation configurations consisting of closely dis-
tant dislocations of opposite Burgers vectors. Such
configurations of grain boundary dislocations cre-
ate screened stress fields which commonly are not
able to initiate the nanocrack nucleation. In con-
trast, the lattice dislocation emission by grain bound-
aries is driven by accumulation of grain boundary
dislocations having Burgers vectors of one sign and
thereby creating non-screened stress fields that can
initiate the nanocrack nucleation [294-296]. In this
context, the lattice dislocation emission by grain
boundaries affects ductility of deformed nanocrys-
talline materials. If intensity of the lattice disloca-
tion emission is low, a nanocrystalline specimen
shows ability to intense nanocrack formation fol-
lowed by the macroscopic failure. If intensity of the
lattice dislocation emission is high, a nanocrystalline
specimen can exhibit enhanced ductility.

Fig. 6.10. Emission of lattice dislocations from triple junctions of grain boundaries. (a) Grain boundary
dislocations (carrying grain boundary sliding) are stopped at triple junction. (b) Perfect and (c) partial lattice
dislocation is emitted from triple junction that obstructs grain boundary sliding.  Stacking fault (wavy line) is
formed behind the moving partial dislocation.

Let us consider mechanisms for the lattice dis-
location emission from grain boundaries. A theo-
retical model [297] describes emission of perfect
and partial lattice dislocations as a process induced
by the preceding grain boundary sliding. A pile-up
of grain boundary dislocations is generated under
the action of mechanical load in a grain boundary in
a plastically deformed nanocrystalline sample. Me-
chanical-load-induced motion of the grain boundary
dislocation pile-up is stopped by a triple junction.
There are several ways of evolution of the grain
boundary dislocation pile-up, including emission of
either perfect (Fig. 6.10a) or partial (Fig. 6.10b) dis-
locations from the triple junction [298]. In the sec-
ond case, stacking faults are formed behind the
moving partial dislocations (Fig. 6.10b).

Emission of lattice dislocations by grain bound-
aries can effectively occur also as a process ac-
companying rotational deformation in nanocrystalline
materials. The rotational deformation mode � plas-
tic deformation accompanied by crystal lattice ro-
tations � occurs through movement of grain bound-
ary disclination dipoles and is able of effectively
contributing to plastic flow in nanocrystalline mate-
rials [299-302]. It is confirmed by experimental ob-
servations of disclination dipoles and grain rotations
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Fig. 6.11. Emission of lattice dislocations from grain
boundaries with disclinations carrying rotational
deformation. (a) Perfect lattice dislocations are
emitted from grain boundaries due to movement of
grain boundary disclinations (triangles). (b) Partial
lattice dislocations are emitted from grain bound-
aries due to movement of grain boundary
disclinations (triangles). Stacking faults (wavy line)
are formed behind the moving partial dislocations.

in mechanically loaded bulk nanocrystalline mate-
rials and films [298,303,304]. Recently, theoretical
models [300,301] have been suggested to describe
the rotational deformation in nanocrystalline solids
as the process that occurs mostly via the motion of
grain boundary disclination dipoles and induces the
emission of perfect and partial lattice dislocations
from GBs into the adjacent grain interiors (Fig. 6.11).

These mechanisms for the dislocation emission
from grain boundaries (Figs. 6.10 and 6.11) can be
treated as a manifestation of the interaction between
different deformation modes in deformed
nanocrystalline materials. Since nanocrystalline
materials are aggregates of numerous structural
units (nano-sized grains and grain boundaries), dif-
ferent deformation mechanisms (modes) can oper-
ate and strongly influence each other. That is, there
is a kind of effective interaction between deforma-
tion modes in the nanocrystalline matter. In the dis-
cussed cases, the processes of the lattice disloca-
tion emission from grain boundaries are induced by
preceeding grain boundary sliding (Fig. 6.10) and
rotational deformation (Fig. 6.11).

The former case (Fig. 6.10) is an example of the
effective interaction between grain boundary sliding
and the lattice dislocation slip conducted by lattice
dislocations emitted from grain boundaries. The
second case (Fig. 6.11) is an example of the effec-
tive interaction between rotational deformation and
the lattice dislocation slip.

Besides, the lattice dislocation emission from
grain boundaries can occur as a result of either trans-
formations of GB dislocations at high-angle GBs
(Fig. 6.12a) or decay of low-angle GBs [305] under
the shear stress action (Fig. 6.12b). In both these
cases, the initial GB structures undergo transfor-
mations resulting in the lattice dislocation emission.
Non-equilibrium grain boundaries in nanocrystalline
materials fabricated by severe plastic deformation
contain high-density ensembles of disorderedly dis-
tributed dislocations. In these circumstances, stress
fields of non-equilibrium grain boundaries are char-
acterized by essential spatial inhomogeneities that
facilitate the lattice dislocation emission from these
boundaries. This factor enhances ductility of
nanocrystalline materials fabricated by severe plas-
tic deformation, because the intense emission of
lattice dislocations by grain boundaries eliminates
local stress concentrators, nuclei of nanocracks.

Thus nanocrystalline materials fabricated by
severe plastic deformation are characterized by such
structural features as a non-equilibrium (highly de-
fective) state of grain boundaries, the absence of
fabrication-produced flaws, and the range of grain
size d from tentatively 50 to 100 nm. With these
structural features, the lattice dislocation slip is the
dominant deformation mode whose action is strongly
affected by non-equilibrium grain boundaries. In par-
ticular, non-equilibrium grain boundaries obstruct
movement of lattice dislocations and absorb them,
thus contributing to the strengthening of deformed
nanocrystalline materials. On the other hand, non-
equilibrium grain boundaries intensively emit per-
fect lattice dislocations into grain interiors. The in-
tense emission of lattice dislocations by grain
boundaries gives rise to the softening and eliminates
local stress concentrators - nuclei of nanocracks �
in deformed nanocrystalline materials.

So, non-equilibrium grain boundaries are able to
intensively emit perfect and partial lattice disloca-
tions into grain interiors in nanocrystalline materi-
als fabricated by severe plastic deformation. The
emission of lattice dislocations by non-equilibrium
grain boundaries gives rise to the softening and elimi-
nates local stress concentrators � nuclei of nano-
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Fig. 6.12. Emission of lattice dislocations from grain
boundaries. (a) Partial lattice dislocation is emitted
from grain boundary due to transformation (splitting)
of grain boundary dislocation. Stacking fault is
formed behind the moving partial dislocation. (b)
Perfect lattice dislocations are released due to de-
cay of a low-angle tilt boundary under shear stress
action.

cracks � in nanocrystalline materials under plastic
deformation.

7. CONCLUDING REMARKS

This review has been devoted to a study of interface
phenomena influencing advanced properties of
nanoscale materials processed by means of severe
plastic deformation, high-energy ball milling and their
combinations. Interface phenomena include pro-
cesses of interface defect structure relaxation from
a highly nonequilibrium state to an equilibrium con-

dition, grain boundary phase transformations, en-
hanced grain boundary and triple junction diffusivity.
On the basis of an experimental investigation, a theo-
retical description of the key interfacial phenomena
controlling the functional properties of advanced bulk
nanoscale materials has been conducted. An inter-
face defect structure investigation has been per-
formed by TEM, high-resolution X-ray diffraction,
atomic simulation and modeling. The problem of the
transition from a highly non-equilibrium state to an
equilibrium one, which seems to be responsible for
low thermostability of nanoscale materials, was
studied. Also enhanced grain boundary diffusivity is
addressed. Structure recovery and grain growth in
nanocrystalline materials have been investigated by
analytical methods and modeling.

Several major conclusions may be drawn from
these investigations:
· Severe plastic deformation such as ECAP and

HPT can be successfully applied both for grain
refinement in pure metals and alloys and for cold
consolidation of ball milled powders;

· A correlation between microstructure and me-
chanical properties of Co foils prepared by ball
milling and subsequent high pressure torsion has
been presented. The crystallite size is found to
be significantly reduced after HPT, much further
than by subjecting Co powders to a long-term
milling process alone. Simultaneously, large
amounts of stacking faults, especially deforma-
tion faults, are created during HPT. This is in
contrast with BM, where the twin fault probabil-
ity is significantly larger than the deformation fault
probability;

· Partially glassy materials can be prepared by
cold-compaction using high pressure torsion of
ball-milled Fe

77
Al

2.14
Ga

0.86
P

8.4
C

5
B

4
Si

2.6
 amorphous

ribbons. The torsion straining process induces
significant changes in the short-range order (both
chemical and topological) of the multicomponent
alloy which result in the formation of dispersed
nanocrystallites inside the amorphous matrix and
a reduction in the overall crystallization enthalpy.
The HPT ribbons exhibit enhanced Curie tem-
perature and microhardness with respect to the
BM ribbons. This cold-compaction technique
proves itself to be appropriate for the fabrication
of thin bulk partially amorphous disks and it is
particularly appealing for the consolidation of
amorphous alloys with reduced supercooled liq-
uid region.

· High-resolution X-ray diffraction and TEM experi-
ments can be used to determine the microstruc-
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ture and dislocation density in ultrafine-grained
materials after processing by ECAP, HPT, cold
rolling and their combinations. Assuming that
the crystallite size distribution in all samples
obeys a log-normal function and that the strains
are caused by dislocations, the parameters of
the crystallite size distribution and the disloca-
tion structure were calculated by fitting the Fou-
rier transforms of the experimental X-ray diffrac-
tion profiles to physically well established theo-
retical functions. The crystallite size values were
compared to the grain sizes determined by TEM.
It was found that the additional deformation after
ECAP resulted in further grain refinement and
an increase of the dislocation density. However,
electrodeposition gives an even finer microstruc-
ture and a higher dislocation density than the
materials processed by SPD methods. The crys-
tallite size values are lower than the grain size
for all the specimens, since the former measures
the dislocation cell size in SPD materials. For
the elctrodeposited nickel, the crystallite size is
close to the grain size determined by TEM;

· By means of differential scanning calorimetry and
high-resolution X-ray diffraction, the microstruc-
tural parameters and released enthalpy have been
measured in ultrafine-grained nickel processed
by ECAP, HPT and their combination. The differ-
ence between the released DSC enthalpy and
the elastic energy is attributed to the GB sur-
face energy and the normalized surface energy
has been evaluated. All nickel samples show
GB surface energies for high-angle boundaries
in the range of 1.0-1.2 J/m2 which is higher than
reported in the literature. This is attributed to the
non-equilibrium state of GBs existing in UFG ma-
terials obtained by severe plastic deformation.

· Severe plastic deformation by HPT of binary and
ternary Al-Zn, Al-Mg and Al-Mg-Zn alloys de-
creases drastically the size of (Al) and (Zn) grains
(below 100 nm) and particles of reinforcing β and
τ phases (below 10 nm). Therefore, HPT leads
to the formation of a nanostructure which is less
equilibrium than that of the initial coarse grained
material. At the same time, during HPT the Zn-
rich supersaturated solid solution (Al) decom-
poses completely and reaches the equilibrium
corresponding to room temperature. This process
is less pronounced for Mg-rich (Al). In ternary
alloys Zn also leaves the supersaturated solid
solution easier than Mg. Therefore, HPT leads
to the formation of a phase structure which is
more equilibrium than that of the initial coarse

grained material. The most probable mechanism
of the equilibration of the (Al) supersaturated
solid solution is the grain boundary diffusion ac-
celerated by fluxes of vacancies due to the SPD
and by the sweeping of Mg and Zn atoms from
the bulk by moving GBs. It appears that the se-
vere plastic deformation of supersaturated solid
solutions can be considered, similar to irradia-
tion at ambient temperature, as a balance be-
tween deformation-induced disordering and de-
formation-accelerated diffusion towards the equi-
librium state;

· As a result of preliminary isothermal heat treat-
ment of submicrocrystalline material, the
nonequilibrium grain boundaries in the treated
material pass to an equilibrium state, with the
grain size remaining in the micron range. This
causes a significant increase in the apparent
activation energy of creep, which may be attrib-
uted to the contribution of grain boundary sliding
to the total deformation becoming less due to
the enhanced resistance to shear over the equi-
librium grain boundaries relative to the non-equi-
librium grain boundaries. As the temperature of
preliminary anneals increases and approaches
the temperature of recrystallization (~ 673Ê), the
activation energy of creep also tends to increase
to become equal to the activation energy of vol-
ume self-diffusion, e. g. in coarse-grain crystal-
line Ni. At elevated temperatures, the creep in
this material is controlled by the motion and climb
of dislocations, the contribution of grain bound-
ary sliding being negligible;

· The grain boundary recovery occurring simulta-
neously during the diffusion experiment causes
another significant effect, namely a drastic de-
crease in the apparent activation energy of diffu-
sion. This can explain the fact that the measured
activation energy of grain-boundary diffusion in
nanocrystals is approximately half that for usual
polycrystals. In the case when the time of diffu-
sion annealing is chosen without regard for the
relaxation time and is the same for all tempera-
tures of annealing, one cannot rule out the pos-
sibility of an anomalous behavior of the diffusion
coefficient exhibiting a negative activation energy.

· Non-equilibrium grain boundaries are able to in-
tensively emit perfect and partial lattice disloca-
tions into grain interiors in nanocrystalline ma-
terials fabricated by severe plastic deforma-
tion. The emission of lattice dislocations by non-
equilibrium grain boundaries gives rise to the
softening and eliminates local stress concen-
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trators - nuclei of nanocracks � in nanocrystalline
materials under plastic deformation.
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